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plastic deformation accumulate. Studies of the early stages of plastic
deformation inducing microstructure modifications are properly carried
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crystallite boundaries, and texturing of the metallic matrix. On this
basis, the present work focuses on an electron microscopy study of the
early plastic deformation stages induced in an OFHC 99.99% pure copper by
high-pressure torsion (HPT). A threshold stress for the initiation of
twinning formation within the Cu-grains was identified. Nanoindentation
measurements were performed at different penetration depths. Thus, a
correlation between the tip size-sensitive hardness evaluation (known as
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and the twinning formation during the early stages of HPT was found.



Cover Letter

Cover letter

The present manuscript entitled: “Nanoindentation twin-sensitive measurements and
strengthening model of HPT OFHC 99.99% purity copper” by Marcello Cabibbo (DIISM / Universita
Politecnica delle Marche, Via Brecce Bianche 12, 60131 — Ancona, Italy) focuses on early stages of
plastic deformation induced in a high-purity copper by high pressure torsion (HPT).

The objectives and methodologies of the manuscript are within the aims and scopes of the journal.
A discussion section deals with the role of twinning formation on nanoindentation ISE and with a
strengthening model also discussed with previously published contributions. Most of the
referenced published works together with some previously published papers by this author on SPD
techniques appeared in Materials Science and Engineering A journal.

The manuscript is original and no part of it has been published before, nor is any part of it under
consideration for publication at another journal.

The author also declares no conflicts of interest.

Yours, sincerely,
Prof. Marcello Cabibbo



Detailed Response to Reviewers

Response letter to the Reviewer's comments

Author thanks the accurate overview and useful comments made by the Reviewer(s) as they allowed to
improve readability and correct some misleading scheme and micrograph description.

With this regard, all the Reviewer’s comments are here reported along with the author’s replies and
explanations.

In section 2.1: Rods usually have diameters instead of widths. The author should explain what "fully-
annealed" means as opposed to just "annealed".

R: Fully-annealed meant a baking to the set temperature of 673K for 1 hour and slowly cooling to room
temperature in a turned off furnace. Thence the following was added at the beginning of subsection 2.1-
The material: “Rods of OFHC 99.99% pure copper had a 10 mm diameter and they were subjected to a fully
annealing treatment. This consisted to baking the rods at 673 K for 1 h, followed by cooling in the turned
off furnace, corresponding to a cooling to room temperature of 8 h.”

Later it states: "As shown in Fig. 1, the annealed Cu showed a coarse grained structure with

no significant present of free dislocations within the grains." The author should explain the difference
between "free dislocations" and "dislocations".

R: For a sake of clarity the above mentioned sentence was rewritten and it now reads as: “As shown in Fig.
1, the annealed Cu showed a coarse grained structure with rare presence of few dislocations within the
grains whose volume fraction was so low to do not form any sort of entanglement.”

Later, just after eqt. 1a; the reviewer does not follow how the author gets eqt 1b from eqt 1a according to
the wording of the above statement.
R: The description of Egs. (1a) and 1(b) was rewritten as in the following:
Since in the present case the disc thickness does not dependent on the rotation angle @ = 2nN, the
resulting HPT shear strain, y, can be calculated as [5], Eq. (1a):

y=27nNr/t Eq. (1a)
where r is the distance from the disc center, ranging from 0 to the disc radius, R, t is the disc thickness. For
large HPT strains, typically ¥ > 0.8, the resulting equivalent vén Mises strain can be written as [5,37], Eq.

(1b):
2 14920
Eoq = ﬁln [( 4y ) +§] Eq. (1b)
On the other hand, for low HPT shear strain, y, the resulting von Mises strain can be expressed as [5,37], Eq.
(1c):
21N
Eeq = \/% = ;T\/; Eq. (1c)

Thence, in the present study, Eq. (1c) was the one used to model the shear deformation induced in the
OFHC pure Cu.

Using eqt 1b and inputting in N=1/2 turn, the reviewer find that the equivalent strain is =1.812r. if r=5 mm
(the maximum radius possible based on a 10 mm diameter disk) then the equivalent strain is 9.06. However,
the author states that the maximum equivalent strain reached was 3.63. The author needs to provide
details of how he came up with this maximum equivalent strain.

R: Author wish to thank the Reviewer for having found these misleading data referring to the schematic
representation of Fig. 2. The HPT disc diameter was 10 mm, so the radius R appearing in the Fig. 2 should
had read R =5 mm, and the TEM disc extraction distance from HPT disc center should had read r =2 mm.
Both these data were corrected in the new update scheme now appearing in Fig. 2. Fig. 2 and Table 2
captions were modified accordingly and they now read as: “Fig. 2. To scale scheme of HPT showing the
location of extraction of the TEM discs.”, and “Table 2. Equivalent strain &, obtained by the different HPT
experimental parameters at N = 1/18 (lowest) to 1/2 turns (highest), at radial distances r = 2 mm (almost
mid-radius) from disc thick-center.”



The following statement also needs to be explained in more detail: "HPT was carried out by depressing the
vertical anvils to a depth of 0.05 mm." what is this depth relative to?

R: This sentence now reads: “HPT was carried out by depressing the vertical anvils to a depth of 0.05 mm
into the 1 mm-thick HPT discs.”

The reviewer suggests the author make figure 2 such that the TEM 3 mm diameter (in the text it states the
TEM disks were 3 mm wide(?); is this a width or a diameter?) disk is drawn to scale with respect to the 10
mm diameter disk.

R: Author agrees with the Reviewer’ suggestion. This was corrected as: “The 3 mm TEM discs were ~1 mm-
thick, this initial thickness was mechanically grinded...”. More important, all the schematic representation
of Fig. 2 was modified to make it to scale and clearer to the reader. The scheme of Fig. 2 was modified to
show the details drawn to scale.

For figure 3, the end of the caption states, "SAEDP with crystallographic spot selected is reported in the
inset. The DF g-vector was g = [02-2] allow to show the dislocations and cell/grain boundary lines." This
does not appear to be grammatically correct as written and therefore the reviewer does not understand
what it means.

R: This sentence was rewritten and it now reads as: “Inset in b) is the indexed SAEDP. DF g-vector was g =
[02-2]. By selecting this crystallographic plane the existing tangled dislocations and cell boundaries within
the grains were almost entirely visible as they mostly lying in the [022] planes and (022) directions.”

In the experimental results section, the statement "It resulted that twinning formation within the Cu-grains
started to occur from a HPT strain level of eq = 0.91." does not appear to be grammatically correct and
should therefore be rewritten to help the reader understand the meaning of this sentence. The sentence
following this should also be rewritten as one aspect that is unclear is at what shear deformation level is
being referred to? The next sentence also needs to be rewritten as it is not understandable as written.

R: These three sentences were rewritten and they now reads: “The initial generation of twinning, lying
within the Cu-grains, started from a HPT strain level of &, = 0.91. From this strain level of HPT plastic
deformation the OFHC Cu started to refine its grain structure. At the same time, twins started to cumulate
within the refining grains. That is, the deformation process did change microstructure mechanism as it
proceeded only by SSD and GND formation at the earliest strain levels &, = 0.40 (Fig. 3(a)). From a strain &,
=0.91 both SSD and GND eventually were promoted to form the first low-angle boundaries (cell
boundaries) and new high-angle grain boundaries (Fig. 3(b)).”

In section 3.1, the author describes a statistical analysis and mentioned grain sizes. Perhaps the authors
need to qualify such statements in more detail regarding the limited area viewed by the TEM foil.

R: This was addressed in the Table 3 caption as follows: “Table 3. Mean grain, d,, and cell size, d..;, of OFHC
CU subjected to HPT at &4 = 0.40 to 3.63. These mean values were determined out of 3 different areas of
the TEM thin discs accounting of some 0.56-t0-0.74 mm? per each experimental condition.”

The means in which the author came up with the error bars in figure 6 need to be explained.

R: This was addressed in the Fig. 6 caption as follows: “Fig. 6. Plot of hardness, H, and reduced elastic
modulus, Er, vs. cumulative HPT straining, €. = 0.40 to 3.63. Error bars were determined by averaging the
obtained values from the 64 individual nanoindentation measurements that were performed at each
experimental condition.”

The figure 4 caption. The author should explain how the Cu crystal was oriented at [011] (can the author
input a SAEDP as an insert here?) and also explain if these bf TEM images? The author needs to label the g
vector.

R: TEM images of Fig. 4 are bright-field (BF) micrographs, thence the g-vector is not needed here.
Orientation was oriented simply by tilting the thin foils as to show the lowest crystallographic Kikuchi bands



symmetry for +(022) and —(022) lines. The [011]-zone axis SAEDP was added as Figure 4(d) and Fig. 4
caption was modified to now reads as:” Fig. 4. Twinning formation induced by the HPT strain, &, =0.91, a);
&q = 1.81, b); &4 = 3.63, c). Cu crystals were oriented along [011]-zone axis to properly reveal the twin
boundaries and lines; related indexed SAEDP is reported in d).”

For figure 11, the author needs to label the g vector on the image.
R: TEM images of Fig. 11 are bright-field (BF) micrographs, thence the g-vector is not needed here.

The author should state how many nanoindents were performed in this work and their repeatability. The
author should explain at what equivalent strains all the nanoindents were made at.

R: The following was added in the Experimental section: “Each reported experimental datum is the average
value obtained out of series of [8x8]-matrix of individual measurements spaced 250 um apart, giving a total
of 64 individual measurements per experimental condition.”

The author should explain what technique was used to measure the composition of the pure Cu rod as listed
in table 1.

R: Caption of Table 1 reports the supplier purity identification. This now reads as: “Table 1. Chemical
composition of the OFHC 99.99% purity copper (wt.%x1000), as reported by the supplier (purity standard
identified as DIN1706-NFA51050 / CuC1, source FRW™).”

All modifications and added sentences were outlined in yellow in the manuscript body text.
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Abstract. Severe plastic deformation (SPD) techniques are among the most effective deformation
modes of introducing a high rate and density of dislocations in metallic materials and alloys. The
newly introduced dislocations have different characters. These were classified after Hansen and the
Risce group as statistically stored (SSD), also called incidental dislocations (ID), and geometrically
necessary (GND) dislocations. As the strain cumulates some of these dislocations, namely the
GNDs, are promoted to form very-low, low, and eventually high-angle boundaries. That is, new cell
and grain structured are formed as the plastic deformation accumulate. Studies of the early stages of
plastic deformation inducing microstructure modifications are properly carried out on pure metals
as they strengthen only by the effect of dislocation, crystallite boundaries, and texturing of the
metallic matrix. On this basis, the present work focuses on an electron microscopy study of the
early plastic deformation stages induced in an OFHC 99.99% pure copper by high-pressure torsion
(HPT). A threshold stress for the initiation of twinning formation within the Cu-grains was
identified. Nanoindentation measurements were performed at different penetration depths. Thus, a
correlation between the tip size-sensitive hardness evaluation (known as indentation size effect,
ISE), occurring at the lower penetration depths, and the twinning formation during the early stages
of HPT was found.

1. Introduction

Ultrafine-grained (UFG) metallic materials and alloys are known to possess superior mechanical
properties compared to the conventional grained counterparts [1]. In the last two-three decades a
number of grain refining methods were proposed and developed. These include top-down
approaches, such as severe plastic deformation (SPD), and bottom-up approaches starting from
powder metallurgy processes [2-4]. As for the top-down approach, different SPD techniques
showed reliable, cost-effective, and promising means for obtaining thermally stable ultra-fine, and
sometimes nanometric size, grain structures of metals and alloys. The most relevant such techniques
are high-pressure torsion (HPT), equal-channel angular pressing (ECAP), accumulative roll-
bonding (ARB), accumulative press-bonding (APB), twist extrusion (TE), friction stir processing
(FSP), cyclic extrusion-compression (CEC), repetitive corrugation and straightening (RCS),
accumulative back extrusion (ABE) and hydrostatic extrusion (HSE), high-pressure sliding (HPS)
([5-13] and references therein).

The exceptional mechanical properties achieved by the UFG metals are due to both the sub-micron
cell, grain size and the mobile dislocations inside the UFGs. In addition, low stacking fault energy
(SFE) materials, such as copper-alloys and pure copper, also strengthen by twinning formation
within the grains. It is generally agreed that UFG processes proceed from newly introduced tangled
dislocations (TD) and cell boundaries (both very-low, VLABSs, and low-angle boundaries, LABS)
[5-8,11,14-19]. These are continuously introduced in the material and eventually induced to
rearrange and form cell structures by SPD. Cells are in turns induced to increase their
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misorientation angle to eventually become grain boundaries (high-angle boundaries, HABS) [14-
19]. More specifically, the dislocations generated during plastic deformation are typically classified
into two categories that reflect the sliding mobility attitude and the special arrangement they tend to
follow. Thus, according to Huges et al. [20] one type of dislocations are called geometrically
necessary dislocations (GNDs), and incidental dislocations (IDs), or statistically stored dislocations
(SSDs). GNBs form between regions of different strain patterns to accommodate the strain induced
lattice rotation. IDs (or SSDs) form by random trapping processes of dislocation during straining.
These latter are stored within the already existing grains as a statistical necessary process of
accommodating the local straining in the metallic material. Upon SPD different strain patterns can
be activated in the material involving activation of different slip systems. This, in turns, generates
differences in the partitioning of slip activity on the same slip systems of the newly introduced
dislocations, and then differences in the level of equivalent strain acting in the deforming material.
These differences in slip pattern ultimately promote dislocation interactions, namely between IDs,
GNDs, and among IDs and GNDs, resulting in a significant energy reduction. That is, the evolution
of IDs and GNDs to form cell and eventually grain boundaries is an energetic favoured process. The
here described dislocation evolutionary process is in fact a statistically and thermodynamically most
probable phenomenon which is activated and promoted in the metallic material by plastic and
severe plastic deformation.

The dislocation strengthening mechanisms generate by the SPD are usually studied by using pure
metals, such aluminum [14,15,16,18,19,21,22], nickel [23-25], copper [11,26], and the like [27,28].
In the present study a OFHC 99.99% pure copper was used to analyse the early stages of plastic
deformation induced by HPT. The choice of using HPT was motivated by the almost continuous
range of induced strains that it is able to induce simply by limiting the number and fraction of the
metal rotations under pressure. In fact, HPT generates progressive plastic deformation levels for
given number and fraction of turns, from the disc center, where it is minimum, to the disc periphery,
where it is at its maximum. On the other hand, the level of induced strain strongly depends on the
number of HPT rotations, N. In HPT the sample, in form of a thin disk, is placed between two large
anvils and subjected to a high pressure and concurrent torsional straining. This way, the two
meaningful parameters are the magnitude of the imposed pressure, P, and the number of revolutions
applied to the sample, N. Since, the imposed strain chiefly depends on the distance from the center
of the disc, the microstructure modifications imposed by HPT are greatly inhomogeneous, but
continuous. For the present study, this latter aspect is considered as a key microstructure aspect to
determine the minimum necessary strain level to form twinned grains in a fully annealed 99.99%
pure copper.

In this sense, HPT is different from most of the other SPD processes where generally strain
gradients are generated quite quickly, making almost impossible to determine the early stages of
cell structure formation [4-6,12,14,21].

Strain gradients and strain hardening, as well as metal plastic properties, such yield stress, hardness,
toughness, strongly depend on the dislocation density, pgis. That is, when a material is plastically
deformed the dislocation density increases, leading to strain gradients and metal strain hardening.
The metallic material straining under plastic deformation is usually studied by electron microscopy
techniques (electron back-scattered diffraction, EBSD, field-emission gun scanning electron
microscopy, FEGSEM, transmission electron microscopy, TEM). Anyhow, this was also
characterized by performing extremely small indentations (nanoindentations) in low defect density
materials [29,30]. Moreover, whenever strain gradients are formed by indentations using either
pyramidal or conical indenters, GNDs are generated into the material in order to accommodate the
induced strain [31,32]. Since strain gradient increases by reducing the deformation scale (i.e., small
penetration depths) the density of GNDs and, consequently, the hardness of the material, increase
when the size of the deformed region decreases. This quite important experimental factor that affect
the process of indentation of metallic material is known as indentation size effect (ISE) [32,33].
With this regard, it was found that the ISE can be described by taking into account the two types of



dislocations introduced during plastic deformation. That is, ISE can be described by taking into
account the statistically stored dislocations (SSDs) and the geometrically necessary dislocations
(GNDs) [34].

Following pioneering studies by Nix and Gao [32] nanoindentation hardness overestimation for
lower tip penetration depths is directly related to underestimation of the plastic zone volume. In
their model, Nix and Gao assumed plastic zones assumed to be hemispherical with a radius equal to
the contact radius, a. This hemisphere volume, V, is calculated as: V = 2rh®(3tan*p), where ¢
represents the angle between the indenter surface and the sample surface. The nanoindentation
hardness, H, is thus expressed as: H = 3-0 = 3 aGb(pssp + penp)’”, being o a constant, G the
material shear modulus, b its Burgers vector, and pssp, peno the densities of SSDs and GNDs,
respectively. Since, Hp can be defined as the material hardness with no GNDs, this can be expressed
as Ho = 3" aGb(pssp)”?, and thence H = [1+(peno/ossp)]™ = [1+(ho/h)]°°, where hg is the length
scale factor of a given material under indentation, and h is the indentation penetration depth. This
approach is based on a hemispheric volume limited to the next neighbouring of the tip radius and
the lateral tip edges. This indeed can depends on the type of tip used, that is a pyramidal Berkovich,
a spherical, or a cube-corner geometry [34].

Anyhow, GNDs is known to spread beyond the hemisphere, and thence the plastic zone volume
needs to be corrected. This was addressed later on by Durst et al. [35,36], where the radius of the
plastic zone is assumed to be f-a, with f ranging from 1 to 3.5, and simulated by finite element
means. In polycrystals, hardness always increases with decreasing grain size. This behaviour can be
explained by the well-known Hall-Petch (H-P) relationship, which is based on the interaction
between dislocations and grain boundaries in grain structured metallic materials. Anyhow,
whenever the grains are wide and/or the indentation penetration depth is shallow, the generation of
SSDs and GNDs is strongly related to one or few grains. This means, that the indentation plastic
zone in these cases has a local character.

In this study the role of twinning formation within plastically deforming grains on the
nanoindentation grain size sensitive hardness and reduced Young’s modulus measurements is
addressed. In particular, the minimum necessary strain by HPT to induce twinning formation was
identified and the role of the twin formation on the nanoindentation depth sensitive measurements
was addressed.

2. Experimental procedures and Method
2.1. The material

Rods of OFHC 99.99% pure copper had a 10 mm diameter and they were subjected to a fully
annealing treatment. This consisted to baking the rods at 673 K for 1 h, followed by cooling in the
turned off furnace, corresponding to a cooling to room temperature of 8 h. The chemical
composition of the 99.99% purity Cu is reported in Table 1. Discs 1.0 mm-thick were cut from the
annealed bars. As shown in Fig. 1, the annealed Cu showed a coarse grained structure with rare
presence of few dislocations within the grains whose volume fraction was so low to do not form any
sort of entanglement.

2.2. High-pressure torsion (HPT) process

The fully-annealed OFHC 99.99% pure Cu in form of a disc of 10 mm-diameter and 1.0 mm-thick
was subjected to HPT under quasi-constrained conditions at room temperature, thus avoiding
material outflow during straining. Different strain levels were induced into the metals as to get a
discrete close range of strain levels, i.e., from &4 = 0.40-t0-3.63, by processing HPT at following
rotation number fractions: N = 1/18, 1/8, 1/6, 1/4, 1/3, 1/2 turns.



Fig. 2 is a scheme of the HPT strain deformation imposed to a typical disc sample, where the
incremental shear strain is given by daf o, being @ the angular rotation around the disc center.

Since in the present case the disc thickness does not dependent on the rotation angle o = 2nN, the
resulting HPT shear strain, y, can be calculated as [5], Eq. (1a):

y=2nNrlt Eq. (1a)

where r is the distance from the disc center, ranging from 0 to the disc radius, R, t is the disc
thickness. For large HPT strains, typically > 0.8, the resulting equivalent von Mises strain can be
written as [5,37], Eq. (1b):

0.5

2 1+y?
£eq = =ln [( ) +§] Eq. (1b)

On the other hand, for low HPT shear strain, y, the resulting von Mises strain can be expressed as
[5,37], Eq. (1c):

Eoq = \% = % Eq. (1c)

Thence, in the present study, Eq. (1c) was the one used to model the shear deformation induced in
the OFHC pure Cu.

HPT was carried out by depressing the vertical anvils to a depth of 0.05 mm into the 1 mm-thick
HPT discs. Torsion strain was exerted by rotating the upper anvil at a low rotation speed of 0.7 rpm
(~4° sec™™) under a pressure of 2.0 GPa.

TEM inspections and nanoindentation measurements were performed at the mid-section of the discs
(that is, at a thickness t = 0.5 mm) and at mid-radius (5 mm) from the disc center. Thus, according
to Eq. (1b), the resulting equivalent strain, &, is as listed in Table 2.

The reason to use HPT to perform the present study is based on the possibility to generate low
incremental strain levels, starting form a minimum level of equivalent strain as low as &q = 0.40.

To avoid any possible artefact during sample preparation, the ~1 mm-thick HPT processed discs
were prepared for TEM inspections by chemical and electro-chemical means only. They were first
punched to 3 mm TEM discs from the above-mentioned HPT disc position and indicated in Fig. 2.
The 3 mm TEM discs were ~1 mm-thick, this initial thickness was mechanically grinded and then
electrochemically thinned and symmetrically polished to a ~200 um thickness using a solution of
30% of phosphoric acid 20% ethylic alcohol in 50% distilled water at room temperature and a
voltage of 12V. Prior final thinning to electron transparency by precision ion-milling (PIPS), the
200 pm-thick discs were fixed by a commercially pure 0.5 mm-thick copper ring with 3 mm
external diameter. Then, this was thinned by Gatan™ PIPS with a low dual incident beam whose
angle was fixed to 2° respect to the disc surface, to minimize the possible artefacts coming from the
disc preparation (i.e., to minimize the dislocations possibly introduced during the ion-milling
process).

2.3. Sample preparation for TEM and method

TEM inspections were carried out in a Philips™ C-20® working at 200 keV with a double-tilt
specimen holder equipped with a liquid-nitrogen cooling stage. Inspections were performed at the
middle height of the HPT discs.

Two-beam excitation conditions were selected for most of the TEM observation and dislocation
characterizations. Dislocation density, puisi., Was quantitatively evaluated by stereological methods,
such as the Ham’s interception method [38]. Thence, pyis1. Was calculated through the count of



interception points between the mesh and the existing dislocations, ngis, in the TEM micrographs.
This was evaluated by pgisi. = 2Ngisi/ (Imesnttem), Were, Inesn 1S the total length of the mesh, and trgy is
the thickness of the TEM foil. Crystal thickness, trem, was determined through the diffracted beam
intensity variation under dual beam conditions, using converged electron beam diffraction (CBED)
patterns. This way, by plotting the linear interpolation of data points in @ S?/Mringes” VS. Niringes”
graph, where S is the fringes spacing, and nginges the number of counted fringes, trem > Was
determined at y-axis line intercept. The error due to the invisible dislocations (i.e., the ones oriented
as to have bg = 0, where b is the Burgers vector and g refers to the dislocation lying
crystallographic plane) is within the experimental error of the foil thickness evaluation. Cell (LAB)
and grain boundary (HAB) misorientation were measured by Kikuchi band patterns. The
misorientation angle measurement procedure by Kikuchi pattern on TEM is fully described
elsewhere in previous published works by this author [14-16]. TEM inspections were carried out by
orienting the Cu-matrix as to have [001], [011]-crystallographic planes || lpeam (€lectron beam
direction).

2.4. Nanoindentation measurements

Nanoindentation measurements were performed at same HPT disc height as the one set for TEM
inspections. For the nanoindentation measurements, samples were prepared by the same chemical
polishing methods used for the TEM disc preparation. A Hysitron™ Triboscope UBI-1® was used.
Calibration procedures were followed according to [39]. A trapezoidal load function of 5 s loading,
15 s at the set load, and 5 s unloading was used, with a set load, Pmax = 10 mN, and at a constant
loading rate of 0.25 mN/s. Nanoindentations were performed for each experimental conditions, that
is for strain levels &y = 0.40-t0-3.63. Each reported experimental datum is the average value
obtained out of series of [8x8]-matrix of individual measurements spaced 250 pum apart, giving a
total of 64 individual measurements per experimental condition.

Data analysis was performed according to the Oliver-Pharr model [40]. Thus, the hardness, H, was
evaluated as H = Py /A, with A = Kinghe? being the contact area, Ki,q an indenter tip dependent
coefficient (24.56 for Berkovich tip [41]), h. the contact depth related to the maximum penetration
depth, hy, which is he = hyp-Pwmax/S, ¥ = 0.75 for Berkovich tip [40] and S the material stiffness.
This latter, according to the Oliver-Pharr approach [40,41] is measured as unloading slope at the
maximum penetration depth, hy, and it is S = Bm(hn-h,)™*, where B is the unloading curve intercept
at P = 0, m is the unloading slope, and h; is the residual depth (the permanent plastic penetration
depth on unloading). Moreover, following the Oliver-Pharr method, the reduced elastic modulus
can be derived as E, = [(74)%°8]-[S/(A)*°], where 4= 1.034 for Berkovich tips [40]. Thence, in the
present case, H = 0.041-Pya/hs and E; = 0.173-S/h..

3. Experimental Results
3.1. Microstructure

Fig. 3 shows representative TEM micrographs of the microstructure evolution driven by the HPT
shear deformation, from &4 = 0.40 to 3.63.

The initial generation of twinning, lying within the Cu-grains, started from a HPT strain level of &q
= 0.91. From this strain level of HPT plastic deformation the OFHC Cu started to refine its grain
structure. At the same time, twins started to cumulate within the refining grains. That is, the
deformation process did change microstructure mechanism as it proceeded only by SSD and GND
formation at the earliest strain levels &q = 0.40 (Fig. 3(a)). From a strain &q = 0.91 both SSD and
GND eventually were promoted to form the first low-angle boundaries (cell boundaries) and new
high-angle grain boundaries (Fig. 3(b)). At this latter strain level twinning started to form, and thus



this further strengthening mechanism started to operate within the pure Cu microstructure. Thence,
the strain level &q = 0.91 can be considered a threshold-like, or a cut-off lower strain limit, to
initiate a microstructure twin strengthening. At strain levels above it, &q > 1.21, the pure copper
plastically deformed under HPT straining by further generation of GNDs, that eventually form grain
boundaries, and by the combining strengthening effect of grain refinement and twinning-induced
generation (Fig. 3(c)-to-(f)). With this respect, Fig. 4 shows the evolution of the twinning induced
to form and cumulate by the HPT shear deformation, from &4 = 0.91 to 3.63.

Moreover, the OFHC Cu microstructure evolved rapidly already in the early stages of straining
(Fig. 4(a),(b)). It resulted that at strain level within &y < 1, the microstructure undergoes typical
strain hardening associated with a significant generation of LABs and cell boundaries, as showed by
Fig. 4(b). The formation of LABs, and eventually some HABS, is accompanied by the concurrent
formation of twin boundaries. Both these microstructure features contribute to generate arrays of
ultrafine grains at the higher strain levels.

In Fig. 3(c) dislocation pile-up process is showed; in particular, this piling-up generated lattice
distortion on both sides of the cell wall and evolves with the presence of the early formation of
twinning. These twins nucleated at grain boundaries (GBs) to extend within the grain. The
formation of these twins is responsible for the development of sharp grain boundaries, which in
turns implies a substantial stress relief in the boundary surrounding areas.

As for the mean grain and cell size evolution with cumulative HPT straining, the statistical
evaluation carried out by TEM inspections showed a continuous grain, and especially cell size
reduction from &4 = 0.91 to 3.63 (Table 3). That is, the mean grin size, which in the annealed initial
condition was dy = 28 pm, reduced to 19 um at &y = 0.40, and down to 3.2 pm, at the maximum
strain of &y = 3.63. As for the cell size, these reduced from an initial mean value dee = 1100 nm,
down to 360 nm, at &q = 3.63.

It resulted that cell size reduction process induced by HPT appeared to slow down at &q > 1.21,
when twinning formation started to characterized the grain interior and start to act as further barrier
against dislocations (actually both SSDs and GNDs) sliding motion.

3.2. Nanoindentation Hardness, H, and elastic modulus, E,

Fig. 5 reports representative nanoindentation load-displacement curves, P-h, for a load P = 10 mN,
of OFHC Cu subjected to HPT at &y = 0.40, 0.91, 1.21, and 3.63. As expected the penetration
depth, h¢, reduced with cumulative straining. Yet, the unloading slope of the P-h slightly increased
from the minimum detected strain of &y = 0.40 to &q = 0.91. This did not changed as the strain rose
up to the maximum tested strain of &q = 3.63. Since the unloading slope is related to the material
reduced Young’s modulus, E,, the observed slope increment means that the elastic modulus of the
OFHC Cu slightly increased at &4 = 0.91. This in turns implies that the occurrence of twinning
formation within the grains is somehow responsible for the material changes of elastic response.
Hardness, H, and reduced elastic modulus, E,, were measured according to the Oliver-Pharr
approach [40,41], and results were plotted in Fig. 6 as a function of the HPT shear deformation.
Accordingly, the metal H steadily increased from the minimum, &q = 0.40, to the top strain level,
&q = 3.63, although at &4 = 2.42, a plateau-like value of H = 1.15 GPa was reached. The reduced
elastic modulus, E;, appeared to follow quite closely the hardness incremental trend with
cumulative straining. Moreover, a similar plateau-like was reached at &q = 2.42, with values E, =
170 GPa. These results are in good agreement with some previously reported study on
commercially pure and quite similar OFHC pure Cu [11].



4. Discussion
4.1.Microstructure evolution and twinning formation induced by HPT

Dislocation formation (SSDs and GNDs) and twin formation with cumulative straining are two key
mechanisms of microstructure strengthening especially for pure metals, such as the here studied
OFHC 99.99% purity Cu. In fact, it is known that whenever a metallic material is subjected to
plastic deformation, the newly introduced dislocations are induced to slide, in addition deformation
twinning is activated, and thence both accommodate the imposed plastic strain [42]. The mean
factors governing these microstructure induced modifications include the material SFE, the grain
size and crystallographic orientation [43-45]. Also the external loading conditions such as stress
[46], strain [47], strain rate [48,49], and temperature [48] play a crucial role. Compared to
conventional materials processing, SPD techniques impose severe shear strains producing unusual
and quite high mechanical properties that are ultimately driven by the unique microstructure
modifications and evolution [50,51]. In the present case, understanding the competitive relationship
between SSDs, GNDs, the cell and grain boundary formation and the deformation twinning induced
by the HT shear deformation was considered as a key factor for the description of the early stages of
deformation occurring in pure bcc low SFE metals, such as copper.

In materials with medium to high SFE, GNDs and SSDs develop since the early stages of plastic
deformation [52,53]. The role of GNDs is to accommodate the shear strain gradients throughout the
microstructure. SSDs are formed by tangled dislocation random trapped under uniform localized
deformation. These newly introduced dislocations easily slide by cross slip by which the formation
of dislocation boundaries (both low- and high-angle) is favoured with cumulative strain. The
mechanism of boundary formation out of chiefly GNDs is driven by a mutual trapping,
rearrangement, and annihilation process [53,54]. In fact, it is known that the dislocation types that
do contribute to the crystal lattice rotation are the GNDs [54].

On the other hand, for lower SFE metals, such as copper, the formation of initially few, and then
more and more volume fraction of stacking faults and twinning is favoured with cumulative
straining [55]. Under severe plastic deformation regimes, the twinned grains contribute to
accommodate the plastic deformation as well as the refining grains do. Moreover, when twinned
grains have a proper crystallographic orientation respect to the external load, multiple twinning
systems are activated, leading to twin-twin intersection phenomena. These, in turns, become a
further strengthening mechanism for the twinned metallic material [55,56].

Thence, in low SFE metals the reduced dislocation mobility make the twinning deformation a
necessary-like mechanism for the material to rearrange the microstructure, by strengthening it,
under the applied external load. In the present study this necessary-like microstructure mechanism
of twinning formation under HPT was found to occur for a strain level as low as &g = 0.91. No
traces of twinning formation was found for lower equivalent strains, where the microstructure
strengthening proceeded only by formation and evolution of SSDs, GNDs, cell walls and eventually
of some GB. The role of the SSDs and GNDs referring to the continuous process of cell and grain
refinement induced by the HPT deformation was twofold. On one side, it was that of a
microstructure source of active line defects able to thickening the newly generated boundaries,
either cell or grain; on another side, it was that of contributing to rise the boundary misorientation
angle as they continuously formed by the HPT action. As soon as the twins started to be generated,
they behaved as a further microstructure strengthening term that did not affected the grain refining
process driven by the HPT cumulative deformation.

4.2.Indentation size effect (ISE)

In nanoindentation measurements, as the indentation depths get shallow, by reducing the applied
load, the obtained hardness is known to increase accordingly. This indentation size effect (ISE) was



observed in metallic materials [32-36]. Nix and Gao proposed a model, also known as NG-model,
that relates this ISE to the generation of GNDs, whose density is proportional to the inverse
indentation depth [32]. The additional hardening due to the GNDs is a mere effect of an indentation
tip-to-the beneath indentation plastically deformed volume interaction phenomenon. Thus, ISE is
particularly evident and pronounced in soft annealed metallic materials, such as the present case of
annealed OFHC 99.99 purity Cu. On the contrary, ISE is typically of minimal significance in
hardened metallic materials. This behaviour is directly correlated to the inner length scale of the
material due to the induced increased dislocation density driven by the cumulative flow stress.

The ISE phenomenon is known to be generated by additional hardening given by the GNDs. This
penetration depth sensitivity of the nanoindentation measurements is mainly based on two factors.
One, is a microstructure-based factor, which is constituted by the total line length of dislocations
necessary to form the permanent indented profile; the second, is geometrical-based and is related to
the overall extension of the material volume in which the dislocations are stored. Indeed, both
factors are strongly related to the generation of stored and necessary dislocations, i.e. SSDs and
GNDs. A study of the ISE occurring on the early stages of HPT is here presented. To do that,
nanoindentation load was almost continuously reduced from 10 mN to loads as low as ~100 uN.
The obtained hardness, H, increment due to the ISE, as a function of lowering penetration depths
down to few hundreds of nanometer, for strain levels of &q = 0.40-t0-3.63 is reported in Fig. 7. It is
worth to note that the measured H variation with lowering penetration depths followed different
slopes depending on the strain level to which the pure copper was subjected. It appeared that from
HPT strains &q < 0.40 / 0.91. H followed an almost continuous incremental rate as the load and
penetration depth lowered. Starting from &g = 0.91 and up to &q = 3.63, H increment by lowering
the penetration depth followed an initial almost linear trend, to drastically rise for penetration
depths lower than 900-800 nm. This different ISE trend is believed to be somehow determined by
the reducing grain size and the concurrent formation of twinned grains.

4.3. Twinning formation role in ISE

An ISE-driven hardness increment of ~10% was observed at indentation depths ranging 1.8-t0-0.9
pum, from as-annealed to HPT strain &q = 3.63 (Fig. 7). This increment can be identified as the
minimal deviation from the actual H evaluation due to the ISE phenomenon and is reported in Fig.
8. Thus, the measured depth range to reach a H variation by 10% from the asymptotical and actual
value, obtained at higher penetration depth ranges, strongly depended on the strain level and,
ultimately, on the induced grain/cell size reduction. The corresponding penetration depth value is
also called length scale, h™. That is, as reported in the plot of Fig. 8, a direct correlation exists
between the occurrence of a significant ISE and the mean grain (and cell) size of the testing metallic
material. Present result appears to be in good agreement to data reported by Nix and Gao in [32]
derived by a linear fitting of (H/Ho)? vs. hc* in pure Cu, where a value of length scale of ISE h” =
1.60 pm was reported. Thence, the here obtained results showed the length scale, h”, to rise with
grain, cell size reduction, and with occurrence of twinned grains. That is, the ISE appeared to
anticipate by refining the grained structure of pure Cu by cumulative HPT straining. To some
extent, this issue was addressed and discussed by Yang and Vehoff [34] who studied ISE occurring
in high-purity nanocrystalline Ni with different mean grain size obtained by plastic deformation
techniques. Similarly, Lapovok et al. [57] reported a certain degree of ISE initiation dependency to
the level of ECAP shear straining in pure Cu. They show ISE occurring with lower penetration
depth as the ECAP shear straining cumulate and thus as the resulting mean grain refined. Similar
trends for commercially pure Cu were reported in [58] by HPT, and in [36] by ECAP.

Fig. 8 shows H rising trend slopes for the two strain levels above mentioned, that is, for &q < 0.91,
and for 0.91 < &q < 2.42. It thus resulted that the H increment was slow (0.93 GPapum™) at the
earliest stages of deformation, to double (1.84 GPaum™) for strain levels by which grain started to
refine and twins started to form within the grains. This would ultimately means that a direct



correlation between the rate and amplitude of ISE and the grained structure of pure copper exists.
To better understand this ISE microstructure dependency, twin spacing, Arwin, Was measured for
strains 0.91 < &q < 2.42, that is for the strain levels where twins started to form (&4 = 0.91) and then
filled the grained structures (&q = 2.42). The statistical evaluation of twin spacing, carried out for
strain levels &q = 0.91-t0-2.42 is reported in Fig. 9.

The twin spacing appeared not to evolve significantly with cumulative HPT strain. Mean twin
spacing was Arwin = 32 + 2 nm irrespective of the strain level throughout the range 0.91 < &q < 2.42.
The only clear aspect that differentiated the Arwin Size distribution with HPT strain was the
maximum twin spacing sizes that appeared to reduced form 80 nm, at &q = 0.91, down to 60 nm, at
Eeq =2.42.

Quite similar twin spacing sizes were also reported by Yang and Vahoff [34] in SPD high-purity
nickel and by Saldana et al. [59] in SPD same OFHC 99.99 purity copper. In particular, Saldana et
al. accounted on thermomechanical stability in ultra-fine grained copper with high density of twin
boundaries. Nanoscale network of twins within the grains are generally induced to form by SPD
processes. In this sense, the here reported formation and evolution of twins induced by the HPT
cumulative strain was actually expected mostly on the basis of the relative low OFHC Cu SFE.
Moreover, twin boundary formation promoted by SPD (HPT in the present case) are strongly
affected by the generation and evolution with strain of SSDs and GNDs. In particular, the twins
formed during SPD means can have a significant high aspect ratio, that is a high length to spacing
ratio). This microstructure feature was widely observed in the present study and the corresponding
morphological twin evolution with SPD strain was also reported by Wang et al. in a nanostructured
pre Cu [60].

Fig. 10 shows a direct comparison between the twin spacing and grain/cell evolution with
cumulative HPT straining. The general refining trend of both cells and grains was accompanied by a
non-significant twin spacing variation, although twin volume fraction increased to a great extent in
the strain range &q = 1.21-t0-2.42.

4.4. Strengthening model

It is well known how strength of a metallic material can be directly related to the microstructural
features, such dislocations, cell and grain boundaries (and related mean size), and, limited to the
low-to-medium SFE metals, to the twin boundaries (TB). The flow stress, namely the material yield
stress, can be derived as contributions aggregate of the above-mentioned strengthening terms
[61,62]. Apart from the grain boundary strengthening which is modelled by the Hall-Petch
relationship, a number of models accounted on the strength contribution coming from cell
boundaries. These can actually have a low-angle, but also a very low-angle character [14]. The first
ones are typically boundaries with misorientation angle within ~4-14°, the second ones have typical
misorientation of ~2-4° and always show Moiré fringes on TEM. For the first case, the strength
contribution can be modelled as to be proportional to the square root of the density of dislocation
stored inside the boundaries (essentially SSDs) [61]. The second case corresponds to the existing
tangled dislocations (TDs) [14,62,63]. On the other hand, the occurrence of TB from strain levels of
&q > 0.40, makes necessary considering this further microstructure strengthening contribution
[64,65]. Thence, the following relationship was proposed for modelling the OFHC Cu vyield stress
as determined by the nanoindentation hardness measurements, Eq. (2):

Oy = 0y t+ odisl. + OHp T OTB Eq. (2)
where oy, ayis. 1S the stress due to SSDs and GNDs, oyp is the stress given by the grained structure

(calculated through the Hall-Petch relationship), org is the stress due to the twins (twin boundaries,
TB).



The dislocation contribution is the linear combination of the SSDs and of the GNDs strengthening,
and they are both directly dependent on the related densities. In particular, SSDs do form very low-
angle and low-angle boundaries under plastic deformation, and thus their density is expressed as,

Eq. (3):
pssp = fowan + (1-f oo Eq. (3)

Where f is the fraction of the SSDs that do contribute to the wall (boundary) formation, pyan is the
density of the formed walls, and prp represents the density of the dislocations existing in the cell
and grain interiors that did not form boundaries and that are generally referred as to tangled
dislocations (TD). According to [57] the value of f can be determined as f = 1-(1-Awan/deen)®, Awan
and dcen being the mean wall (cell boundary) thickness and cell size, respectively.

Thence, the dislocation strengthening contribution, ogis1, can be calculated as, Eq. (4):

ouist. = MaGb[fowan + (1-H)pro + penp]®? Eq. (4)

where M = 3.06 is the Taylor factor [66], « = 0.33 [66], G = 48.2 GPa is the shear modulus of pure
copper [66], b =0.256 nm is the copper Burgers vector [61,65].

Here the walls are actually considered as the continuously generated very-low and low-angle
boundaries, i.e. the cell boundaries.

Onset of twinning occurs whenever the slip stress reaches the minimum necessary strain to activate
the twinning. The present results showed that the minimum necessary strain level to initiate the twin
formation was &q = 0.91. Thence, whenever formed, the twins yield a further strengthening
contribution given by their boundaries (twin boundary, TB), org. This strengthening contribution is
modelled similarly to an Hall-Petch relationship but with a constant, Krg, significantly higher than
that pertaining the grain boundary strengthening, Kpp. Thus, according to Hansen [61,67,68],
Armstrong and Worthington [69] and Meyers et al. [42], Ktg = 0.28 MPa-m*?, compared to Kyp =
0.14 MPa-m*?, and the corresponding strengthening contribution can be modelled as, Eq. (5):

OTB — K'ng'dg-l/2 Eq (5)

By taking into account the actual fraction of twinned grains, fuwin, rising with cumulative HPT
straining, the following strengthening model was here proposed, Eq. (6):

oy = oy + MaGb{[fpwan + (1-H)pro + peno]™ + [(Fuin-Krs + (1 fuin)-Krpldg 2}
Eq. (6)

The calculated values of fyn are also reported in the plot of Fig. 10. Referring to Eqg. (6), Fig. 11
shows a representative TEM micrograph of the microstructure at &q = 2.42 in which all the
strengthening features are present, i.e. dislocation walls, tangled dislocations, geometrically-
necessary dislocations, twin boundaries, and grain boundaries.

Dislocation density, namely pwan, oo, ponp, and fraction of wall boundaries, f, were determined by
TEM stereology analyses (ASM EN-112). The mean data for each experimental condition, &q =
0.40-t0-3.63, are reported in the following Table 4.

The dislocation density data obtained in the present study well agree to previously published results
on severely plastic deformed pure copper by ECAP up to 16 passes [70]. On the other hand,
Lapovok et al. [70] reported dislocation wall spacing four times lower than the cell size at the early
stages of ECAP deformation. In the present case a typical spacing of the dislocation walls of almost
one-order of magnitude lower than the cell spacing was found.



On the basis of the data reported in Table 3, for grain sizes, and Table 4, for dislocation densities
and fraction of the dislocation walls, Eq. (6) gives a microstructure-based quantitative evaluation of
the OFHC 99.99 purity Cu yield stress, as reported in Table 5.

The present approach founds a number of scientific support given by previously published works
and models proposed for different pure metals and alloys. These include the early studies on the
impact of heterogeneous nature and distribution of dislocations on the metal and alloy shear stress,
which were evaluated by Mughrabi using a composite-like model [71,72]. Following the pioneering
works by Mughrabi, several other authors applied and adapted the Mughrabi composite-like model
to different metals, alloys, and plastic deformation techniques [73-78]. These previous works report
and apply strengthening models essentially same as the one here presented and applied to the OFHC
99.99 purity Cu. Moreover, the present approach is also able to describe metals and alloys work
hardening mechanisms up to flow-stress saturation, as exhaustively reported by Nes and co-workers
in [79].

Table 5 also reports a direct comparison between the yield stress as obtained through Eq. (6), and
the one derived from the nanoindentation hardness measurements, o;""", With this respect, a
linear relationship is known to hold between hardness, H, and vyield stress, given by H =
(ay/3)-(0.1)m'2, where m is the Meyer’s hardness coefficient [80]. With this respect several published
works on different metallic materials and alloys reported a hardness-to-yield stress relationship with
a narrow ratio interval of y = Hy/oy = 2.7-3.1 [81-83]. In the cold-rolled metallurgical status this
relationship was reported to essentially have the same ratio range of 2.8-3.1 [80,81]. A Meyer’s
hardness similar approach was recently used and applied to aluminum alloys by Tiryakioglu in [82].
In this case a oy = A-Hy + B type relationship was used starting from a Meyer’s hardness approach
as: oy = Hy /0.947-C — Agy. This type of approach to determining yield stress from hardness
measurements, namely nanoindentation measurements, was also used by the present author for a
6N-Al subjected to low strains by HPT [21]. On the other hand, Tekkaya [83] for cold-worked Cu-
based alloys introduced a step-like variation of the yield stress-to-hardness ratio depending on the
yield offset that can be taken into account. For yield offset of within 0.112% the following
relationship was proposed and experimentally validated: Hy = 2.475-0y, where Hy is the Vickers
hardness number. This relationship was generalized in a form of oy = 9.81-H\/2.475 for yield
offsets up to 0.2%. In any case, by converting the Vickers number to MPa, the two previously
reported approaches (Tiryakioglu’s and Tekkaya’s) can be expressed as oy = 0.375-H™"" that is
= Hyvloy = 2.7. Very recently, Song et al. [84] reported a rather wider variation for y = Hy/o, = 3-
4.5, this reduces down to y = 3.24 whenever the ultimate stress is considered instead of the yield
stress. Other studies, such as the work by Zhang et al. [85] indicated values ranging 3.26-3.70 (with
a mean value of y = 3.5) in pure copper subject to ECAP. In his work, Zhang et al. reported an
overview of the factor influencing the y ratio between Hy and oy for different copper alloys.

Thence, in the present study both values of y = 2.9 and y = 3.5 were taken into consideration for the
identification of the more appropriate value able to meet the yield stress determined by the
microstructure based model here described. It is worth to underline here that the y = 2.9-2.8 was
found to be an appropriate ratio between Hy and oy in metallic alloys, as well as pure metals, such
aluminum ([21,80-82] and references therein). _

The direct comparison of yield stress obtained by using both = H™"""/ &, = 2.9 and 3.5,showed a
quite better agreement to the yield stress given by applying Eq. (6) with y = 3.5 rather than by using
¥ = 2.9. Present results seem to indicate that a slight difference of the H/oy does exist whenever
low-SFE metals (namely pure metals) or high-SFE metals subjected to SPD are considered.

To better understand this fitting ratio between the two yield stress values obtained by microstructure
inspections and by indirect hardness measurements the Gao’s approach was here reported and
discussed. Gao’s relationship between hardness and yield stress also includes the material elastic
modulus, E, Eq. (7):



n n
fnanoind _ go'y {1 + % Gi—;cot (a)) + %[(g:—;cot (a)) - 1]} Eq. (7)

where « is the semi-angle of the indentation tip, and n is the work-hardening coefficient. This
approach and equation was applied to the present case, where the reduced (local) elastic modulus
was determined by the nanoindentation measurements and the semi-angle « = 65°, for a Berkovich
tip. The work-hardening coefficient n can be set equals to the true strain at necking and it can be
derived from nanoindentation assuming a 8-to-10% plastic strain acting during the indentation
process ([85,86] and references therein). That is, the value of work-hardening in stress-strain curves
for annealed copper was is used, n = 0.54. By putting the constant values of Eq. (7) and the obtained
reduced elastic modulus values as obtained different experimental conditions here tested, the data
reported in Table 6 were obtained. Table 6 shows a reasonably good agreement between the Gao’s
model data and the microstructure strengthening model for strain levels &q > 1.21,while for lower
strain levels the agreement was less evident. On the other hand, this approach seemed not to show a
better result alignment to the data obtained by the strengthening model compared to simply
considering the ratio y = Hv/oy = 3.5.

5. Conclusions

In this study early stages of plastic deformation by HPT were characterized by electron microscopy
inspections. A OFHC 99.99 pure copper was subjected to strain levels as low as &q = 0.40-t0-3.63.
Mechanical properties were tested by nanoindentation and the indentation size effect phenomenon
was correlated to the microstructure evolution induced by the cumulative straining.

The following major findings can be outlined.

1. A minimum necessary strain level to induce the formation of twins was found and it resulted
to be &q =0.91;

2. The occurrence of twinning within the refining grains influenced the ISE as it contributed to
change the hardness-to-penetration depth curves. That is, the ISE depended to some extent
to the formation of twins in pure Cu. With this respect, the hardness rise due to the ISE
accelerated with reducing cell and grain size and with occurrence of twins. At the same
time, the penetration depth by which ISE started to occur reduced with twin formation and
progressive generation within the refining grains;

3. A microstructure based strengthening model was proposed and all the meaningful
strengthening contributions were taken into account. In particular, SSDs, dislocation walls,
GNDs, grain boundaries and twin boundaries strengthening contributions were modelled.
OFHC pure Cu yield stress given by the microstructure based model was directly compared
to the yield stress as derived from the nanoindentation hardness.

4. Discussion on the different models of relationship between hardness and yield stress seemed
to indicate that y = Hy/oy = 3.5 was the more appropriate coefficient to be considered.
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Figures and Tables captions

Fig. 1. Microstructure of the as annealed OFHC Cu.
Fig. 2. To scale scheme of HPT showing the location of extraction of the TEM discs.

Fig. 3. Microstructure evolution with cumulative HPT shear strain, at &q = 0.40, a); &q = 0.91, b);
&q=1.21,C); &q=1.81,d); &q=2.42, e); &q=3.63, f). In b) the dark-field (DF) micrograph shows
the early formation of low-angle boundaries (cells) from tangled dislocations (GNDSs). Inset in b) is
the indexed SAEDP. DF g-vector was g = [02-2]. By selecting this crystallographic plane the
existing tangled dislocations and cell boundaries within the grains were almost entirely visible as
they mostly lying in the [022] planes and (022) directions.

Fig. 4. Twinning formation induced by the HPT strain, &q = 0.91, a); &q = 1.81, b); &q = 3.63, C).
Cu crystals were oriented along [011]-zone axis to properly reveal the twin boundaries and lines;
related indexed SAEDRP is reported in d).

Fig. 5. Nanoindentation load-displacement curves, P-h, using a load P = 10 mN, for HPT OFHC
99.99% purity Cu at &g = 0.40, 0.91, 1.21, 181, 2.42, and 3.63. The annealed OFHC Cu
nanoindentation curve, &q = 0, is reported for comparison.

Fig. 6. Plot of hardness, H, and reduced elastic modulus, E;, vs. cumulative HPT straining, &q =
0.40 to 3.63. Error bars were determined by averaging the obtained values from the 64 individual
nanoindentation measurements that were performed at each experimental condition.

Fig. 7. The ISE phenomenon. Hardness, H, vs. indentation depth, h¢, for &4 = 0.40-t0-3.63; the as-
annealed curve is reported for comparison to the HPT experimental conditions.

Fig. 8. Minimum nanoindentation load to initiate ISE vs. mean grain and cell size produced by HPT
of the OFHC 99.9% purity Cu.

Fig. 9. Evolution of twin mean spacing, Arwin, for HPT strains 0.91 < & < 2.42.

Fig. 10. Grain size, dgrain, Cell size, dcen, twin spacing, Amwin, and twinned grain volume fraction,

Fig. 11. BF-TEM at &q = 2.42 showing dislocation walls (DW), tangled dislocations (TD),
geometrically-necessary dislocations (GND), twin boundaries (TB), and grain boundaries (GB).

Table 1. Chemical composition of the OFHC 99.99% purity copper (wt.%x1000), as reported by
the supplier (purity standard identified as DIN1706-NFA51050 / CuC1, source FRW™).

Table 2. Equivalent strain &q obtained by the different HPT experimental parameters at N = 1/18
(lowest) to 1/2 turns (highest), at radial distances r = 2 mm (almost mid-radius) from disc thick-
center.

Table 3. Mean grain, dg, and cell size, de, of OFHC CU subjected to HPT at &q = 0.40 to 3.63.
These mean values were determined out of 3 different areas of the TEM thin discs accounting of
some 0.56-t0-0.74 mm? per each experimental condition.



Table 4. Dislocation density and dislocation wall volume fraction, f, for &, = 0.40-to-3.63.

Table 5. Yield stress as calculated by the model of Eq. (6), o,"* and as derived from the
nanoindentation Hardness measurements, o;""". In this latter case, two different approaches are
here proposed, one according to [21] in which a factor of y = 2.9 was considered as H to oy ratio; a
second according to [82] in which the ratio y = 3.5. Data refers to &q = 0.40, 0.91, 1.21, 1.81, 2.42,
and 3.63.

Table 6. Gao’s model of Eq. (7) applied to the microstructure strengthening model of the present
study at &q = 0.40,0.91, 1.21, 1.81, 2.42, and 3.63.
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Abstract. Severe plastic deformation (SPD) techniques are among the most effective deformation
modes of introducing a high rate and density of dislocations in metallic materials and alloys. The
newly introduced dislocations have different characters. These were classified after Hansen and the
Risce group as statistically stored (SSD), also called incidental dislocations (ID), and geometrically
necessary (GND) dislocations. As the strain cumulates some of these dislocations, namely the
GNDs, are promoted to form very-low, low, and eventually high-angle boundaries. That is, new cell
and grain structured are formed as the plastic deformation accumulate. Studies of the early stages of
plastic deformation inducing microstructure modifications are properly carried out on pure metals
as they strengthen only by the effect of dislocation, crystallite boundaries, and texturing of the
metallic matrix. On this basis, the present work focuses on an electron microscopy study of the
early plastic deformation stages induced in an OFHC 99.99% pure copper by high-pressure torsion
(HPT). A threshold stress for the initiation of twinning formation within the Cu-grains was
identified. Nanoindentation measurements were performed at different penetration depths. Thus, a
correlation between the tip size-sensitive hardness evaluation (known as indentation size effect,
ISE), occurring at the lower penetration depths, and the twinning formation during the early stages
of HPT was found.

1. Introduction

Ultrafine-grained (UFG) metallic materials and alloys are known to possess superior mechanical
properties compared to the conventional grained counterparts [1]. In the last two-three decades a
number of grain refining methods were proposed and developed. These include top-down
approaches, such as severe plastic deformation (SPD), and bottom-up approaches starting from
powder metallurgy processes [2-4]. As for the top-down approach, different SPD techniques
showed reliable, cost-effective, and promising means for obtaining thermally stable ultra-fine, and
sometimes nanometric size, grain structures of metals and alloys. The most relevant such techniques
are high-pressure torsion (HPT), equal-channel angular pressing (ECAP), accumulative roll-
bonding (ARB), accumulative press-bonding (APB), twist extrusion (TE), friction stir processing
(FSP), cyclic extrusion-compression (CEC), repetitive corrugation and straightening (RCS),
accumulative back extrusion (ABE) and hydrostatic extrusion (HSE), high-pressure sliding (HPS)
([5-13] and references therein).

The exceptional mechanical properties achieved by the UFG metals are due to both the sub-
micron cell, grain size and the mobile dislocations inside the UFGs. In addition, low stacking fault
energy (SFE) materials, such as copper-alloys and pure copper, also strengthen by twinning
formation within the grains. It is generally agreed that UFG processes proceed from newly
introduced tangled dislocations (TD) and cell boundaries (both very-low, VLABs, and low-angle
boundaries, LABs) [5-8,11,14-19]. These are continuously introduced in the material and eventually
induced to rearrange and form cell structures by SPD. Cells are in turns induced to increase their
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misorientation angle to eventually become grain boundaries (high-angle boundaries, HABS) [14-
19]. More specifically, the dislocations generated during plastic deformation are typically classified
into two categories that reflect the sliding mobility attitude and the special arrangement they tend to
follow.

Thus, according to Huges et al. [20] one type of dislocations are called geometrically necessary
dislocations (GNDs), and incidental dislocations (IDs), or statistically stored dislocations (SSDs).
GNBs form between regions of different strain patterns to accommodate the strain induced lattice
rotation. IDs (or SSDs) form by random trapping processes of dislocation during straining. These
latter are stored within the already existing grains as a statistical necessary process of
accommodating the local straining in the metallic material. Upon SPD different strain patterns can
be activated in the material involving activation of different slip systems. This, in turns, generates
differences in the partitioning of slip activity on the same slip systems of the newly introduced
dislocations, and then differences in the level of equivalent strain acting in the deforming material.
These differences in slip pattern ultimately promote dislocation interactions, namely between IDs,
GNDs, and among IDs and GNDs, resulting in a significant energy reduction. That is, the evolution
of IDs and GNDs to form cell and eventually grain boundaries is an energetic favoured process. The
here described dislocation evolutionary process is in fact a statistically and thermodynamically most
probable phenomenon which is activated and promoted in the metallic material by plastic and
severe plastic deformation.

The dislocation strengthening mechanisms generate by the SPD are usually studied by using
pure metals, such aluminum [14,15,16,18,19,21,22], nickel [23-25], copper [11,26], and the like
[27,28]. In the present study a OFHC 99.99% pure copper was used to analyse the early stages of
plastic deformation induced by HPT. The choice of using HPT was motivated by the almost
continuous range of induced strains that it is able to induce simply by limiting the number and
fraction of the metal rotations under pressure. In fact, HPT generates progressive plastic
deformation levels for given number and fraction of turns, from the disc center, where it is
minimum, to the disc periphery, where it is at its maximum. On the other hand, the level of induced
strain strongly depends on the number of HPT rotations, N. In HPT the sample, in form of a thin
disk, is placed between two large anvils and subjected to a high pressure and concurrent torsional
straining. This way, the two meaningful parameters are the magnitude of the imposed pressure, P,
and the number of revolutions applied to the sample, N. Since, the imposed strain chiefly depends
on the distance from the center of the disc, the microstructure modifications imposed by HPT are
greatly inhomogeneous, but continuous. For the present study, this latter aspect is considered as a
key microstructure aspect to determine the minimum necessary strain level to form twinned grains
in a fully annealed 99.99% pure copper.

In this sense, HPT is different from most of the other SPD processes where generally strain
gradients are generated quite quickly, making almost impossible to determine the early stages of
cell structure formation [4-6,12,14,21].

Strain gradients and strain hardening, as well as metal plastic properties, such yield stress,
hardness, toughness, strongly depend on the dislocation density, pgis. That is, when a material is
plastically deformed the dislocation density increases, leading to strain gradients and metal strain
hardening. The metallic material straining under plastic deformation is usually studied by electron
microscopy techniques (electron back-scattered diffraction, EBSD, field-emission gun scanning
electron microscopy, FEGSEM, transmission electron microscopy, TEM). Anyhow, this was also
characterized by performing extremely small indentations (nanoindentations) in low defect density
materials [29,30]. Moreover, whenever strain gradients are formed by indentations using either
pyramidal or conical indenters, GNDs are generated into the material in order to accommodate the
induced strain [31,32]. Since strain gradient increases by reducing the deformation scale (i.e., small
penetration depths) the density of GNDs and, consequently, the hardness of the material, increase
when the size of the deformed region decreases. This quite important experimental factor that affect
the process of indentation of metallic material is known as indentation size effect (ISE) [32,33].



With this regard, it was found that the ISE can be described by taking into account the two types
of dislocations introduced during plastic deformation. That is, ISE can be described by taking into
account the statistically stored dislocations (SSDs) and the geometrically necessary dislocations
(GNDs) [34].

Following pioneering studies by Nix and Gao [32] nanoindentation hardness overestimation for
lower tip penetration depths is directly related to underestimation of the plastic zone volume. In
their model, Nix and Gao assumed plastic zones assumed to be hemispherical with a radius equal to
the contact radius, a. This hemisphere volume, V, is calculated as: V = 2rh®(3tan®¢), where ¢
represents the angle between the indenter surface and the sample surface. The nanoindentation
hardness, H, is thus expressed as: H = 3-0 = 3 aGb(psso + penp)’, being « a constant, G the
material shear modulus, b its Burgers vector, and pssp, peno the densities of SSDs and GNDs,
respectively. Since, Ho can be defined as the material hardness with no GNDs, this can be expressed
as Ho = 32 aGb(pssp)®, and thence H = [1+(penp/ossp)]®” = [1+(ho/h)]*, where hy is the length
scale factor of a given material under indentation, and h is the indentation penetration depth. This
approach is based on a hemispheric volume limited to the next neighbouring of the tip radius and
the lateral tip edges. This indeed can depends on the type of tip used, that is a pyramidal Berkovich,
a spherical, or a cube-corner geometry [34].

Anyhow, GNDs is known to spread beyond the hemisphere, and thence the plastic zone volume
needs to be corrected. This was addressed later on by Durst et al. [35,36], where the radius of the
plastic zone is assumed to be f-a, with f ranging from 1 to 3.5, and simulated by finite element
means. In polycrystals, hardness always increases with decreasing grain size. This behaviour can be
explained by the well-known Hall-Petch (H-P) relationship, which is based on the interaction
between dislocations and grain boundaries in grain structured metallic materials. Anyhow,
whenever the grains are wide and/or the indentation penetration depth is shallow, the generation of
SSDs and GNDs is strongly related to one or few grains. This means, that the indentation plastic
zone in these cases has a local character.

In this study the role of twinning formation within plastically deforming grains on the
nanoindentation grain size sensitive hardness and reduced Young’s modulus measurements is
addressed. In particular, the minimum necessary strain by HPT to induce twinning formation was
identified and the role of the twin formation on the nanoindentation depth sensitive measurements
was addressed.

2. Experimental procedures and Method
2.1. The material

10 mm-wide rods of OFHC of 99.99% pure copper was fully annealed at 673 K/1 h. The
chemical composition of the 99.99% purity Cu is reported in Table 1. Discs 1.0 mm-thick were cut
from the annealed bars. As shown in Fig. 1, the annealed Cu showed a coarse grained structure with
no significant present of free dislocations within the grains.

2.2. High-pressure torsion (HPT) process

The fully-annealed OFHC 99.99% pure Cu in form of a disc 10 mm-wide and 1.0 mm-thick was
subjected to HPT under quasi-constrained conditions at room temperature, thus avoiding material
outflow during straining. Different strain levels were induced into the metals as to get a discrete
close range of strain levels, i.e., from &q = 0.40-t0-3.63, by processing HPT at following rotation
number fractions: N = 1/18, 1/8, 1/6, 1/4, 1/3, 1/2 turns.



Fig. 2 is a scheme of the HPT strain deformation imposed to a typical disc sample, where the
incremental shear strain is given by daf w, being o the angular rotation around the disc center. The
equivalent von Mises strain imposed by HPT, &, is calculated according to [5,11,21,37], Eq. (1a):

0.5

Eoq = %ln [(1:;/ ) + )5/] Eqg. (1a)

where y = (2nNr)/t is the shear strain, r the distance from the disc center, that is from 0 to the disc
radius, R, t is the disc thickness. From Eq.(1a) the distance to disc center-dependent equivalent
strain, &, IS:

_ 2mNr
ea = 13

Eq. (1b)

HPT was carried out by depressing the vertical anvils to a depth of 0.05 mm. Torsion strain was
exerted by rotating the upper anvil at a low rotation speed of 0.7 rpm (~4° sec™®) under a pressure of
2.0 GPa.

TEM inspections and nanoindentation measurements were performed at the mid-section of the
discs (that is, at a thickness t = 0.5 mm) and at mid-radius (5 mm) from the disc center. Thus,
according to Eq. (1b), the resulting equivalent strain, &y, is as listed in Table 2.

HPT was here used as it is able to generate low incremental strain levels, starting form a
minimum level of equivalent strain as low as &q = 0.40.

To avoid any possible artefact during sample preparation, the ~1 mm-thick HPT processed discs
were prepared for TEM inspections by chemical and electro-chemical means only. They were first
punched to 3 mm TEM discs from the above-mentioned HPT disc position and indicated in Fig. 2.
The 3 mm-wide and ~1 mm-thick TEM discs were mechanically grinded and then
electrochemically thinned and symmetrically polished to a ~200 um thickness using a solution of
30% of phosphoric acid 20% ethylic alcohol in 50% distilled water at room temperature and a
voltage of 12V. Prior final thinning to electron transparency by precision ion-milling (PIPS), the
200 um-thick discs were fixed by a commercially pure 0.5 mm-thick copper ring with 3 mm
external diameter. Then, this was thinned by Gatan™ PIPS with a low dual incident beam whose
angle was fixed to 2° respect to the disc surface, to minimize the possible artefacts coming from the
disc preparation (i.e., to minimize the dislocations possibly introduced during the ion-milling
process).

2.3. Sample preparation for TEM and method

TEM inspections were carried out in a Philips™ C-20® working at 200 keV with a double-tilt
specimen holder equipped with a liquid-nitrogen cooling stage. Inspections were performed at the
middle height of the HPT discs.

Two-beam excitation conditions were selected for most of the TEM observation and dislocation
characterizations. Dislocation density, po4isi, Was quantitatively evaluated by stereological methods,
such as the Ham’s interception method [38]. Thence, pgis. Was calculated through the count of
interception points between the mesh and the existing dislocations, ngis, in the TEM micrographs.
This was evaluated by pgisi. = 2Ngisi/ (Imeshttem), Were, Inesn 1S the total length of the mesh, and trgw is
the thickness of the TEM foil. Converged electron beam diffraction (CBED) was used to measuring
the crystal thickness, trgm, by analysing the corresponding diffracted beam intensity variation under
dual beam conditions. Linear interpolation of data points in a S?/Ngringes> VS. Niringes > graph, where S
is the fringes spacing, and Niringes the number of counted fringes, was used to determine trem. The
statistical number of possible invisible dislocations (i.e., the ones oriented as to have b-g = 0, where
b is the Burgers vector and g refers to the dislocation lying crystallographic plane) can be



considered well within the experimental error of the foil thickness evaluation. Cell (LAB) and grain
boundary (HAB) misorientation were measured by Kikuchi band patterns. Kikuchi pattern method
was used for determining the misorientation across the boundaries (LABs and HABS), this
procedure is fully described elsewhere in previous published works by this author [14-16]. TEM
inspections were carried out by orienting the Cu-matrix as to have [001], [011]-crystallographic
planes || lpeam (€lectron beam direction).

2.4. Nanoindentation measurements

Nanoindentation measurements were performed at same HPT disc height as the one set for TEM
inspections. Samples were prepared by polishing the surfaces using the same chemical polishing
solution used to prepare the TEM discs. A Hysitron™ Triboscope UBI-1® was used. Calibration
procedures were followed according to [39]. A trapezoidal load function of 5 s loading, 15 s at the
set load, and 5 s unloading was used, with a set load, Pyax = 10 mN, and at a constant loading rate
of 0.25 mN/s. The reported data were averaged over a series of 4 [8x8]-matrix of individual
measurements spaced 250 um apart. Data analysis was performed according to the Oliver-Pharr
model [40]. Thus, the hardness, H, was evaluated as H = Pya/A, with A = Kinghe? being the contact
area, Ki,q an indenter tip dependent coefficient (24.56 for Berkovich tip [41]), h. the contact depth
related to the maximum penetration depth, hp, which is he = hy-¥Pmax/S, y = 0.75 for Berkovich tip
[40] and S the material stiffness. This latter, according to the Oliver-Pharr approach [40,41] is
measured as unloading slope at the maximum penetration depth, hy, and it is S = Bm(hy-h)™",
where B is the unloading curve intercept at P = 0, m is the unloading slope, and h, is the residual
depth (the permanent plastic penetration depth on unloading). Moreover, following the Oliver-Pharr
method, the reduced elastic modulus can be derived as E, = [(74)>/5]-[S/(A)°°], where 8 = 1.034
for Berkovich tips [40]. Thence, in the present case, H = 0.041-Pya/he® and E, = 0.173-S/h.

3. Experimental Results
3.1. Microstructure

Fig. 3 shows representative TEM micrographs of the microstructure evolution driven by the
HPT shear deformation, from &4 = 0.40 to 3.63.

It resulted that twinning formation within the Cu-grains started to occur from a HPT strain level
of &q = 0.91. Starting from this shear deformation level, the pure Cu microstructure deformed
plastically to produce refined grains and by cumulative twin generation within the refining grains.
That is, the deformation process did change microstructure mechanism as it proceeded only by SSD
and GND formation at the earliest strain levels, &q = 0.40 (Fig. 3(a)), to eventually form the first
low-angle boundaries (cell boundaries) and new high-angle boundaries (grain boundaries), starting
from &4 = 0.91 (Fig. 3(b)). At this latter strain level twinning started to form, and thus this further
strengthening mechanism started to operate within the pure Cu microstructure. Thence, the strain
level &4 = 0.91 can be considered a threshold-like, or a cut-off lower strain limit, to initiate a
microstructure twin strengthening. At strain levels above it, &y > 1.21, the pure copper plastically
deformed under HPT straining by further generation of GNDs, that eventually form grain
boundaries, and by the combining strengthening effect of grain refinement and twinning-induced
generation (Fig. 3(c)-to-(f)). With this respect, Fig. 4 shows the evolution of the twinning induced
to form and cumulate by the HPT shear deformation, from &4 = 0.91 to 3.63.

Moreover, the OFHC Cu microstructure evolved rapidly already in the early stages of straining
(Fig. 4(a),(b)). It resulted that at strain level within &4 < 1, the microstructure undergoes typical
strain hardening associated with a significant generation of LABs and cell boundaries, as showed by



Fig. 4(b). The formation of LABs, and eventually some HABs, is accompanied by the concurrent
formation of twin boundaries. Both these microstructure features contribute to generate arrays of
ultrafine grains at the higher strain levels.

In Fig. 3(c) dislocation pile-up process is showed; in particular, this piling-up generated lattice
distortion on both sides of the cell wall and evolves with the presence of the early formation of
twinning. These twins nucleated at grain boundaries (GBs) to extend within the grain. The
formation of these twins is responsible for the development of sharp grain boundaries, which in
turns implies a substantial stress relief in the boundary surrounding areas.

As for the mean grain and cell size evolution with cumulative HPT straining, the statistical
evaluation carried out by TEM inspections showed a continuous grain, and especially cell size
reduction from &4 = 0.91 to 3.63 (Table 3). That is, the mean grin size, which in the annealed initial
condition was dy = 28 pm, reduced to 19 um at &y = 0.40, and down to 3.2 pm, at the maximum
strain of &4 = 3.63. As for the cell size, these reduced from an initial mean value dee = 1100 nm,
down to 360 nm, at &q = 3.63.

It resulted that cell size reduction process induced by HPT appeared to slow down at &q > 1.21,
when twinning formation started to characterized the grain interior and start to act as further barrier
against dislocations (actually both SSDs and GNDs) sliding motion.

3.2. Nanoindentation Hardness, H, and elastic modulus, E,

Fig. 5 reports representative nanoindentation load-displacement curves, P-h, for a load P = 10
mN, of OFHC Cu subjected to HPT at &q = 0.40, 0.91, 1.21, and 3.63. As expected the penetration
depth, h¢, reduced with cumulative straining. Yet, the unloading slope of the P-h slightly increased
from the minimum detected strain of &q = 0.40 to &q = 0.91. This did not changed as the strain rose
up to the maximum tested strain of &q = 3.63. Since the unloading slope is related to the material
reduced Young’s modulus, E,, the observed slope increment means that the elastic modulus of the
OFHC Cu slightly increased at &q = 0.91. This in turns implies that the occurrence of twinning
formation within the grains is somehow responsible for the material changes of elastic response.
Hardness, H, and reduced elastic modulus, E,, were measured according to the Oliver-Pharr
approach [40,41], and results were plotted in Fig. 6 as a function of the HPT shear deformation.
Accordingly, the metal H steadily increased from the minimum, &q = 0.40, to the top strain level,
&q = 3.63, although at &4 = 2.42, a plateau-like value of H = 1.15 GPa was reached. The reduced
elastic modulus, E;, appeared to follow quite closely the hardness incremental trend with
cumulative straining. Moreover, a similar plateau-like was reached at &q = 2.42, with values E, =
170 GPa. These results are in good agreement with some previously reported study on
commercially pure and quite similar OFHC pure Cu [11].

4. Discussion
4.1.Microstructure evolution and twinning formation induced by HPT

Dislocation formation (SSDs and GNDs) and twin formation with cumulative straining are two
key mechanisms of microstructure strengthening especially for pure metals, such as the here studied
OFHC 99.99% purity Cu. In fact, it is known that whenever a metallic material is subjected to
plastic deformation, the newly introduced dislocations are induced to slide, in addition deformation
twinning is activated, and thence both accommodate the imposed plastic strain [42]. The mean
factors governing these microstructure induced modifications include the material SFE, the grain
size and crystallographic orientation [43-45]. Also the external loading conditions such as stress
[46], strain [47], strain rate [48,49], and temperature [48] play a crucial role. Compared to



conventional materials processing, SPD techniques impose severe shear strains producing unusual
and quite high mechanical properties that are ultimately driven by the unique microstructure
modifications and evolution [50,51]. In the present case, understanding the competitive relationship
between SSDs, GNDs, the cell and grain boundary formation and the deformation twinning induced
by the HT shear deformation was considered as a key factor for the description of the early stages of
deformation occurring in pure bcc low SFE metals, such as copper.

In materials with medium to high SFE, GNDs and SSDs develop since the early stages of plastic
deformation [52,53]. The role of GNDs is to accommodate the shear strain gradients throughout the
microstructure. SSDs are formed by tangled dislocation random trapped under uniform localized
deformation. These newly introduced dislocations easily slide by cross slip by which the formation
of dislocation boundaries (both low- and high-angle) is favoured with cumulative strain. The
mechanism of boundary formation out of chiefly GNDs is driven by a mutual trapping,
rearrangement, and annihilation process [53,54]. In fact, it is known that the dislocation types that
do contribute to the crystal lattice rotation are the GNDs [54].

On the other hand, for lower SFE metals, such as copper, the formation of initially few, and then
more and more volume fraction of stacking faults and twinning is favoured with cumulative
straining [55]. Under severe plastic deformation regimes, the twinned grains contribute to
accommodate the plastic deformation as well as the refining grains do. Moreover, when twinned
grains have a proper crystallographic orientation respect to the external load, multiple twinning
systems are activated, leading to twin-twin intersection phenomena. These, in turns, become a
further strengthening mechanism for the twinned metallic material [55,56].

Thence, in low SFE metals the reduced dislocation mobility make the twinning deformation a
necessary-like mechanism for the material to rearrange the microstructure, by strengthening it,
under the applied external load. In the present study this necessary-like microstructure mechanism
of twinning formation under HPT was found to occur for a strain level as low as &g = 0.91. No
traces of twinning formation was found for lower equivalent strains, where the microstructure
strengthening proceeded only by formation and evolution of SSDs, GNDs, cell walls and eventually
of some GB. The role of the SSDs and GNDs referring to the continuous process of cell and grain
refinement induced by the HPT deformation was twofold. On one side, it was that of a
microstructure source of active line defects able to thickening the newly generated boundaries,
either cell or grain; on another side, it was that of contributing to rise the boundary misorientation
angle as they continuously formed by the HPT action. As soon as the twins started to be generated,
they behaved as a further microstructure strengthening term that did not affected the grain refining
process driven by the HPT cumulative deformation.

4.2.Indentation size effect (ISE)

In nanoindentation measurements, as the indentation depths get shallow, by reducing the applied
load, the obtained hardness is known to increase accordingly. This indentation size effect (ISE) was
observed in metallic materials [32-36]. Nix and Gao proposed a model, also known as NG-model,
that relates this ISE to the generation of GNDs, whose density is proportional to the inverse
indentation depth [32]. The additional hardening due to the GNDs is a mere effect of an indentation
tip-to-the beneath indentation plastically deformed volume interaction phenomenon. Thus, ISE is
particularly evident and pronounced in soft annealed metallic materials, such as the present case of
annealed OFHC 99.99 purity Cu. On the contrary, ISE is typically of minimal significance in
hardened metallic materials. This behaviour is directly correlated to the inner length scale of the
material due to the induced increased dislocation density driven by the cumulative flow stress.

The ISE phenomenon is known to be generated by additional hardening given by the GNDs.
This penetration depth sensitivity of the nanoindentation measurements is mainly based on two
factors. One, is a microstructure-based factor, which is constituted by the total line length of
dislocations necessary to form the permanent indented profile; the second, is geometrical-based and



is related to the overall extension of the material volume in which the dislocations are stored.
Indeed, both factors are strongly related to the generation of stored and necessary dislocations, i.e.
SSDs and GNDs. A study of the ISE occurring on the early stages of HPT is here presented. To do
that, nanoindentation load was almost continuously reduced from 10 mN to loads as low as ~100
MN. The obtained hardness, H, increment due to the ISE, as a function of lowering penetration
depths down to few hundreds of nanometer, for strain levels of &y = 0.40-t0-3.63 is reported in Fig.
7. It is worth to note that the measured H variation with lowering penetration depths followed
different slopes depending on the strain level to which the pure copper was subjected. It appeared
that from HPT strains &q < 0.40 / 0.91. H followed an almost continuous incremental rate as the
load and penetration depth lowered. Starting from &q = 0.91 and up to &q = 3.63, H increment by
lowering the penetration depth followed an initial almost linear trend, to drastically rise for
penetration depths lower than 900-800 nm. This different ISE trend is believed to be somehow
determined by the reducing grain size and the concurrent formation of twinned grains.

4.3. Twinning formation role in ISE

Results reported Fig. 7 showed an ISE-driven hardness increment of ~10% at indentation depths
ranging 1.8-t0-0.9 pum, from as-annealed to HPT strain &q = 3.63. This increment can be identified
as the minimal deviation from the actual H evaluation due to the ISE phenomenon and is reported in
Fig. 8. Thus, the measured depth range to reach a H variation by 10% from the asymptotical and
actual value, obtained at higher penetration depth ranges, strongly depended on the strain level and,
ultimately, on the induced grain/cell size reduction. The corresponding penetration depth value is
also called length scale, h™. That is, as reported in the plot of Fig. 8, a direct correlation exists
between the occurrence of a significant ISE and the mean grain (and cell) size of the testing metallic
material. Present result appears to be in good agreement to data reported by Nix and Gao in [32]
derived by a linear fitting of (H/Ho)? vs. hc* in pure Cu, where a value of length scale of ISE h” =
1.60 pm was reported. Thence, the here obtained results showed the length scale, h”, to rise with
grain, cell size reduction, and with occurrence of twinned grains. That is, the ISE appeared to
anticipate by refining the grained structure of pure Cu by cumulative HPT straining. To some
extent, this issue was addressed and discussed by Yang and VVehoff [34] who studied ISE occurring
in high-purity nanocrystalline Ni with different mean grain size obtained by plastic deformation
techniques. Similarly, Lapovok et al. [57] reported a certain degree of ISE initiation dependency to
the level of ECAP shear straining in pure Cu. They show ISE occurring with lower penetration
depth as the ECAP shear straining cumulate and thus as the resulting mean grain refined. Similar
trends for commercially pure Cu were reported in [58] by HPT, and in [36] by ECAP.

Fig. 8 shows H rising trend slopes for the two strain levels above mentioned, that is, for &g <
0.91, and for 0.91 < &q < 2.42. It thus resulted that the H increment was slow (0.93 GPapm™) at the
earliest stages of deformation, to double (1.84 GPaum™) for strain levels by which grain started to
refine and twins started to form within the grains. This would ultimately means that a direct
correlation between the rate and amplitude of ISE and the grained structure of pure copper exists.
To better understand this ISE microstructure dependency, twin spacing, Arwin, Was measured for
strains 0.91 < &q < 2.42, that is for the strain levels where twins started to form (&q = 0.91) and then
filled the grained structures (&q = 2.42). The statistical evaluation of twin spacing, carried out for
strain levels &q = 0.91-t0-2.42 is reported in Fig. 9.

The twin spacing appeared not to evolve significantly with cumulative HPT strain. Mean twin
spacing was Arwin = 32 + 2 nm irrespective of the strain level throughout the range 0.91 < &q < 2.42.
The only clear aspect that differentiated the Arwin Size distribution with HPT strain was the
maximum twin spacing sizes that appeared to reduced form 80 nm, at &q = 0.91, down to 60 nm, at
Eoq =2.42.



Quite similar twin spacing sizes were also reported by Yang and Vahoff [34] in SPD high-purity
nickel and by Saldana et al. [59] in SPD same OFHC 99.99 purity copper. In particular, Saldana et
al. accounted on thermomechanical stability in ultra-fine grained copper with high density of twin
boundaries. Nanoscale network of twins within the grains are generally induced to form by SPD
processes. In this sense, the here reported formation and evolution of twins induced by the HPT
cumulative strain was actually expected mostly on the basis of the relative low OFHC Cu SFE.
Moreover, twin boundary formation promoted by SPD (HPT in the present case) are strongly
affected by the generation and evolution with strain of SSDs and GNDs. In particular, the twins
formed during SPD means can have a significant high aspect ratio, that is a high length to spacing
ratio). This microstructure feature was widely observed in the present study and the corresponding
morphological twin evolution with SPD strain was also reported by Wang et al. in a nanostructured
pre Cu [60].

Fig. 10 shows a direct comparison between the twin spacing and grain/cell evolution with
cumulative HPT straining. The general refining trend of both cells and grains was accompanied by a
non-significant twin spacing variation, although twin volume fraction increased to a great extent in
the strain range &q = 1.21-t0-2.42.

4.4. Strengthening model

It is well known how strength of a metallic material can be directly related to the microstructural
features, such dislocations, cell and grain boundaries (and related mean size), and, limited to the
low-to-medium SFE metals, to the twin boundaries (TB). The flow stress, namely the material yield
stress, can be derived as contributions aggregate of the above-mentioned strengthening terms
[61,62]. Apart from the grain boundary strengthening which is modelled by the Hall-Petch
relationship, a number of models accounted on the strength contribution coming from cell
boundaries. These can actually have a low-angle, but also a very low-angle character [14]. The first
ones are typically boundaries with misorientation angle within ~4-14°, the second ones have typical
misorientation of ~2-4° and always show Moiré fringes on TEM. For the first case, the strength
contribution can be modelled as to be proportional to the square root of the density of dislocation
stored inside the boundaries (essentially SSDs) [61]. The second case corresponds to the existing
tangled dislocations (TDs) [14,62,63]. On the other hand, the occurrence of TB from strain levels of
&q > 0.40, makes necessary considering this further microstructure strengthening contribution
[64,65]. Thence, the following relationship was proposed for modelling the OFHC Cu vyield stress
as determined by the nanoindentation hardness measurements, Eq. (1):

Oy = 0y + Odisl. + OHp + OB Eq. (1)

where oy, ayis. 1S the stress due to SSDs and GNDs, opp is the stress given by the grained structure
(calculated through the Hall-Petch relationship), org is the stress due to the twins (twin boundaries,
TB).

The dislocation contribution is the linear combination of the SSDs and of the GNDs
strengthening, and they are both directly dependent on the related densities. In particular, SSDs do
form very low-angle and low-angle boundaries under plastic deformation, and thus their density is
expressed as, Eq. (2):

Pssp = fowan + (1-f) pro Eq. (2)

W here f is the fraction of the SSDs that do contribute to the wall (boundary) formation, pwa is the
density of the formed walls, and porp represents the density of the dislocations existing in the cell
and grain interiors that did not form boundaries and that are generally referred as to tangled



dislocations (TD). According to [57] the value of f can be determined as f = 1-(1-Awan/deen)®, Awa
and dce being the mean wall (cell boundary) thickness and cell size, respectively.
Thence, the dislocation strengthening contribution, ayis1, can be calculated as, Eq. (3):

ouist. = MaGb[fawan + (1-fpm + peno]®® Eg. (3)

where M = 3.06 is the Taylor factor [66], « = 0.33 [66], G = 48.2 GPa is the shear modulus of pure
copper [66], b =0.256 nm is the copper Burgers vector [61,65].

Here the walls are actually considered as the continuously generated very-low and low-angle
boundaries, i.e. the cell boundaries.

Onset of twinning occurs whenever the slip stress reaches the minimum necessary strain to
activate the twinning. The present results showed that the minimum necessary strain level to initiate
the twin formation was &q = 0.91. Thence, whenever formed, the twins yield a further strengthening
contribution given by their boundaries (twin boundary, TB), otg. This strengthening contribution is
modelled similarly to an Hall-Petch relationship but with a constant, Kyg, significantly higher than
that pertaining the grain boundary strengthening, Kup. Thus, according to Hansen [61,67,68],
Armstrong and Worthington [69] and Meyers et al. [42], Ktg = 0.28 MPa-m*?, compared to Kyp =
0.14 MPa-m*?, and the corresponding strengthening contribution can be modelled as, Eq. (4):

OTB — KTB'dg_1/2 Eq (4)

By taking into account the actual fraction of twinned grains, fun, rising with cumulative HPT
straining, the following strengthening model was here proposed, Eg. (5):

oy = 0v + MaGb{[fowan + (1-H)pro + pono] Y2+ [(Fuin-Kre + (1- fuwin)-Krp]dg 2}
Eg. (5)

The calculated values of fy,in are also reported in the plot of Fig. 10. Referring to Eq. (5), Fig. 11
shows a representative TEM micrograph of the microstructure at &q = 2.42 in which all the
strengthening features are present, i.e. dislocation walls, tangled dislocations, geometrically-
necessary dislocations, twin boundaries, and grain boundaries.

Dislocation density, namely pwai, oo, penp, and fraction of wall boundaries, f, were determined
by TEM stereology analyses (ASM EN-112). The mean data for each experimental condition, &q =
0.40-t0-3.63, are reported in the following Table 4.

The dislocation density data obtained in the present study well agree to previously published
results on severely plastic deformed pure copper by ECAP up to 16 passes [70]. On the other hand,
Lapovok et al. [70] reported dislocation wall spacing four times lower than the cell size at the early
stages of ECAP deformation. In the present case a typical spacing of the dislocation walls of almost
one-order of magnitude lower than the cell spacing was found.

On the basis of the data reported in Table 3, for grain sizes, and Table 4, for dislocation
densities and fraction of the dislocation walls, Eq. (5) gives a microstructure-based quantitative
evaluation of the OFHC 99.99 purity Cu yield stress, as reported in Table 5.

The present approach founds a number of scientific support given by previously published
works and models proposed for different pure metals and alloys. These include the early studies on
the impact of heterogeneous nature and distribution of dislocations on the metal and alloy shear
stress, which were evaluated by Mughrabi using a composite-like model [71,72]. Following the
pioneering works by Mughrabi, several other authors applied and adapted the Mughrabi composite-
like model to different metals, alloys, and plastic deformation techniques [73-78]. These previous
works report and apply strengthening models essentially same as the one here presented and applied
to the OFHC 99.99 purity Cu. Moreover, the present approach is also able to describe metals and



alloys work hardening mechanisms up to flow-stress saturation, as exhaustively reported by Nes
and co-workers in [79].

Table 5 also reports a direct comparison between the yield stress as obtained through Eq. (5),
and the one derived from the nanoindentation hardness measurements, o;"*"", With this respect, a
linear relationship is known to hold between hardness, H, and vyield stress, given by H =
(oy/3)'(0.1)m'2, where m is the Meyer’s hardness coefficient [80]. With this respect several published
works on different metallic materials and alloys reported a hardness-to-yield stress relationship with
a narrow ratio interval of y = Hy/oy = 2.7-3.1 [81-83]. In the cold-rolled metallurgical status this
relationship was reported to essentially have the same ratio range of 2.8-3.1 [80,81]. A Meyer’s
hardness similar approach was recently used and applied to aluminum alloys by Tiryakioglu in [82].
In this case a oy = A-Hy + B type relationship was used starting from a Meyer’s hardness approach
as: oy = Hy /0.947-C — Agy. This type of approach to determining yield stress from hardness
measurements, namely nanoindentation measurements, was also used by the present author for a
6N-Al subjected to low strains by HPT [21]. On the other hand, Tekkaya [83] for cold-worked Cu-
based alloys introduced a step-like variation of the yield stress-to-hardness ratio depending on the
yield offset that can be taken into account. For yield offset of within 0.112% the following
relationship was proposed and experimentally validated: Hy = 2.475-0y, where Hy is the Vickers
hardness number. This relationship was generalized in a form of oy = 9.81-H\/2.475 for yield
offsets up to 0.2%. In any case, by converting the Vickers number to MPa, the two previously
reported approaches (Tiryakioglu’s and Tekkaya’s) can be expressed as oy = 0.375-H™""™ that is y
= Hvloy = 2.7. Very recently, Song et al. [84] reported a rather wider variation for y = Hy/oy = 3-
4.5, this reduces down to y = 3.24 whenever the ultimate stress is considered instead of the yield
stress. Other studies, such as the work by Zhang et al. [85] indicated values ranging 3.26-3.70 (with
a mean value of y = 3.5) in pure copper subject to ECAP. In his work, Zhang et al. reported an
overview of the factor influencing the y ratio between Hy and oy for different copper alloys.

Thence, in the present study both values of y = 2.9 and y = 3.5 were taken into consideration for
the identification of the more appropriate value able to meet the yield stress determined by the
microstructure based model here described. It is worth to underline here that the y = 2.9-2.8 was
found to be an appropriate ratio between Hy and oy in metallic alloys, as well as pure metals, such
aluminum ([21,80-82] and references therein). _

The direct comparison of yield stress obtained by using both y = H™°"/5 = 2.9 and
3.5,showed a quite better agreement to the yield stress given by applying Eqg. (5) with y = 3.5 rather
than by using y = 2.9. Present results seem to indicate that a slight difference of the H/ oy does exist
whenever low-SFE metals (namely pure metals) or high-SFE metals subjected to SPD are
considered.

To better understand this fitting ratio between the two yield stress values obtained by
microstructure inspections and by indirect hardness measurements the Gao’s approach was here
reported and discussed. Gao’s relationship between hardness and yield stress also includes the
material elastic modulus, E, Eq. (6):

n n
gnranoind — gay {1 + %(gi—;cot (a)) + %[(gj—;cot (a)) — 1]} Eq. (6)

where « is the semi-angle of the indentation tip, and n is the work-hardening coefficient. This
approach and equation was applied to the present case, where the reduced (local) elastic modulus
was determined by the nanoindentation measurements and the semi-angle « = 65°, for a Berkovich
tip. The work-hardening coefficient n can be set equals to the true strain at necking and it can be
derived from nanoindentation assuming a 8-t0-10% plastic strain acting during the indentation
process ([85,86] and references therein). That is, the value of work-hardening in stress-strain curves
for annealed copper was is used, n = 0.54. By putting the constant values of Eq. (6) and the obtained



reduced elastic modulus values as obtained different experimental conditions here tested, the data
reported in Table 6 were obtained. Table 6 shows a reasonably good agreement between the Gao’s
model data and the microstructure strengthening model for strain levels &q > 1.21,while for lower
strain levels the agreement was less evident. On the other hand, this approach seemed not to show a
better result alignment to the data obtained by the strengthening model compared to simply
considering the ratio y = Hv/oy = 3.5.

5. Conclusions

In this study early stages of plastic deformation by HPT were characterized by electron
microscopy inspections. A OFHC 99.99 pure copper was subjected to strain levels as low as &q =
0.40-t0-3.63. Mechanical properties were tested by nanoindentation and the indentation size effect
phenomenon was correlated to the microstructure evolution induced by the cumulative straining.

The following major findings can be outlined.

1. A minimum necessary strain level to induce the formation of twins was found and it resulted
to be &q =0.91;

2. The occurrence of twinning within the refining grains influenced the ISE as it contributed to
change the hardness-to-penetration depth curves. That is, the ISE depended to some extent
to the formation of twins in pure Cu. With this respect, the hardness rise due to the ISE
accelerated with reducing cell and grain size and with occurrence of twins. At the same
time, the penetration depth by which ISE started to occur reduced with twin formation and
progressive generation within the refining grains;

3. A microstructure based strengthening model was proposed and all the meaningful
strengthening contributions were taken into account. In particular, SSDs, dislocation walls,
GNDs, grain boundaries and twin boundaries strengthening contributions were modelled.
OFHC pure Cu yield stress given by the microstructure based model was directly compared
to the yield stress as derived from the nanoindentation hardness.

4. Discussion on the different models of relationship between hardness and yield stress seemed
to indicate that y = Hy/oy = 3.5 was the more appropriate coefficient to be considered.
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Figures and Tables captions

Fig. 1. Microstructure of the as annealed OFHC Cu.
Fig. 2. Scheme of HPT showing the location of extraction of the TEM discs.

Fig. 3. Microstructure evolution with cumulative HPT shear strain, at &q = 0.40, a); &q = 0.91, b);
&q=1.21,C); &q=1.81,d); &q=2.42, e); &q=3.63, f). In b) the dark-field (DF) micrograph shows
the early formation of low-angle boundaries (cells) from tangled dislocations (GNDs), SAEDP with
crystallographic spot selected is reported in the inset. The DF g-vector was g = [02-2] allow to show
the dislocations and cell/grain boundary lines.

Fig. 4. Twinning formation induced by the HPT strain, &q = 0.91, a); &q = 1.81, b); &q = 3.63, C).
Cu crystals oriented as [011] allow to reveal the twin boundaries and lines.

Fig. 5. Nanoindentation load-displacement curves, P-h, using a load P = 10 mN, for HPT OFHC
99.99% purity Cu at &g = 0.40, 0.91, 1.21, 181, 2.42, and 3.63. The annealed OFHC Cu
nanoindentation curve, &q = 0, is reported for comparison.

Fig. 6. Plot of hardness, H, and reduced elastic modulus, E;, vs. cumulative HPT straining, &q =
0.40 to 3.63.

Fig. 7. The ISE phenomenon. Hardness, H, vs. indentation depth, h¢, for &q = 0.40-t0-3.63; the as-
annealed curve is reported for comparison to the HPT experimental conditions.

Fig. 8. Minimum nanoindentation load to initiate ISE vs. mean grain and cell size produced by HPT
of the OFHC 99.9% purity Cu.

Fig. 9. Evolution of twin mean spacing, Arwin, for HPT strains 0.91 < & < 2.42.

Fig. 10. Grain size, dgrain, Cell size, dcen, twin spacing, Amwin, and twinned grain volume fraction,
fowinned grains, €vOlUtion with HPT strains &q = 0.40-t0-3.63.

Fig. 11. BF-TEM at &g = 2.42 showing dislocation walls (DW), tangled dislocations (TD),
geometrically-necessary dislocations (GND), twin boundaries (TB), and grain boundaries (GB).

Table 1. Chemical composition of the OFHC 99.99% purity copper (wt.%x1000).

Table 2. Equivalent strain &q obtained by the different HPT experimental parameters at N = 1/18
(lowest) to 1/2 turns (highest), at radial distances r =5 mm (mid-radius) from disc thick-center.

Table 3. Mean grain, dg, and cell size, dce, of OFHC CU subjected to HPT at &4 = 0.40 to 3.63.

Table 4. Dislocation density and dislocation wall volume fraction, f, for &q = 0.40-t0-3.63.

Table 5. Yield stress as calculated by the model of Eq. (5), o™, and as derived from the
nanoindentation Hardness measurements, ¢;"""™. In this latter case, two different approaches are
here proposed, one according to [21] in which a factor of y = 2.9 was considered as H to oy ratio; a
second according to [82] in which the ratio y = 3.5. Data refers to &q = 0.40, 0.91, 1.21, 1.81, 2.42,
and 3.63.



Table 6. Gao’s model of Eq. (6) applied to the microstructure strengthening model of the present
study at &q = 0.40, 0.91, 1.21, 1.81, 2.42, and 3.63.
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Abstract. Severe plastic deformation (SPD) techniques are among the most effective deformation
modes of introducing a high rate and density of dislocations in metallic materials and alloys. The
newly introduced dislocations have different characters. These were classified after Hansen and the
Risce group as statistically stored (SSD), also called incidental dislocations (ID), and geometrically
necessary (GND) dislocations. As the strain cumulates some of these dislocations, namely the
GNDs, are promoted to form very-low, low, and eventually high-angle boundaries. That is, new cell
and grain structured are formed as the plastic deformation accumulate. Studies of the early stages of
plastic deformation inducing microstructure modifications are properly carried out on pure metals
as they strengthen only by the effect of dislocation, crystallite boundaries, and texturing of the
metallic matrix. On this basis, the present work focuses on an electron microscopy study of the
early plastic deformation stages induced in an OFHC 99.99% pure copper by high-pressure torsion
(HPT). A threshold stress for the initiation of twinning formation within the Cu-grains was
identified. Nanoindentation measurements were performed at different penetration depths. Thus, a
correlation between the tip size-sensitive hardness evaluation (known as indentation size effect,
ISE), occurring at the lower penetration depths, and the twinning formation during the early stages
of HPT was found.

1. Introduction

Ultrafine-grained (UFG) metallic materials and alloys are known to possess superior mechanical
properties compared to the conventional grained counterparts [1]. In the last two-three decades a
number of grain refining methods were proposed and developed. These include top-down
approaches, such as severe plastic deformation (SPD), and bottom-up approaches starting from
powder metallurgy processes [2-4]. As for the top-down approach, different SPD techniques
showed reliable, cost-effective, and promising means for obtaining thermally stable ultra-fine, and
sometimes nanometric size, grain structures of metals and alloys. The most relevant such techniques
are high-pressure torsion (HPT), equal-channel angular pressing (ECAP), accumulative roll-
bonding (ARB), accumulative press-bonding (APB), twist extrusion (TE), friction stir processing
(FSP), cyclic extrusion-compression (CEC), repetitive corrugation and straightening (RCS),
accumulative back extrusion (ABE) and hydrostatic extrusion (HSE), high-pressure sliding (HPS)
([5-13] and references therein).

The exceptional mechanical properties achieved by the UFG metals are due to both the sub-micron
cell, grain size and the mobile dislocations inside the UFGs. In addition, low stacking fault energy
(SFE) materials, such as copper-alloys and pure copper, also strengthen by twinning formation
within the grains. It is generally agreed that UFG processes proceed from newly introduced tangled
dislocations (TD) and cell boundaries (both very-low, VLABSs, and low-angle boundaries, LABS)
[5-8,11,14-19]. These are continuously introduced in the material and eventually induced to
rearrange and form cell structures by SPD. Cells are in turns induced to increase their



misorientation angle to eventually become grain boundaries (high-angle boundaries, HABS) [14-
19]. More specifically, the dislocations generated during plastic deformation are typically classified
into two categories that reflect the sliding mobility attitude and the special arrangement they tend to
follow. Thus, according to Huges et al. [20] one type of dislocations are called geometrically
necessary dislocations (GNDs), and incidental dislocations (IDs), or statistically stored dislocations
(SSDs). GNBs form between regions of different strain patterns to accommodate the strain induced
lattice rotation. IDs (or SSDs) form by random trapping processes of dislocation during straining.
These latter are stored within the already existing grains as a statistical necessary process of
accommodating the local straining in the metallic material. Upon SPD different strain patterns can
be activated in the material involving activation of different slip systems. This, in turns, generates
differences in the partitioning of slip activity on the same slip systems of the newly introduced
dislocations, and then differences in the level of equivalent strain acting in the deforming material.
These differences in slip pattern ultimately promote dislocation interactions, namely between IDs,
GNDs, and among IDs and GNDs, resulting in a significant energy reduction. That is, the evolution
of IDs and GNDs to form cell and eventually grain boundaries is an energetic favoured process. The
here described dislocation evolutionary process is in fact a statistically and thermodynamically most
probable phenomenon which is activated and promoted in the metallic material by plastic and
severe plastic deformation.

The dislocation strengthening mechanisms generate by the SPD are usually studied by using pure
metals, such aluminum [14,15,16,18,19,21,22], nickel [23-25], copper [11,26], and the like [27,28].
In the present study a OFHC 99.99% pure copper was used to analyse the early stages of plastic
deformation induced by HPT. The choice of using HPT was motivated by the almost continuous
range of induced strains that it is able to induce simply by limiting the number and fraction of the
metal rotations under pressure. In fact, HPT generates progressive plastic deformation levels for
given number and fraction of turns, from the disc center, where it is minimum, to the disc periphery,
where it is at its maximum. On the other hand, the level of induced strain strongly depends on the
number of HPT rotations, N. In HPT the sample, in form of a thin disk, is placed between two large
anvils and subjected to a high pressure and concurrent torsional straining. This way, the two
meaningful parameters are the magnitude of the imposed pressure, P, and the number of revolutions
applied to the sample, N. Since, the imposed strain chiefly depends on the distance from the center
of the disc, the microstructure modifications imposed by HPT are greatly inhomogeneous, but
continuous. For the present study, this latter aspect is considered as a key microstructure aspect to
determine the minimum necessary strain level to form twinned grains in a fully annealed 99.99%
pure copper.

In this sense, HPT is different from most of the other SPD processes where generally strain
gradients are generated quite quickly, making almost impossible to determine the early stages of
cell structure formation [4-6,12,14,21].

Strain gradients and strain hardening, as well as metal plastic properties, such yield stress, hardness,
toughness, strongly depend on the dislocation density, pgis. That is, when a material is plastically
deformed the dislocation density increases, leading to strain gradients and metal strain hardening.
The metallic material straining under plastic deformation is usually studied by electron microscopy
techniques (electron back-scattered diffraction, EBSD, field-emission gun scanning electron
microscopy, FEGSEM, transmission electron microscopy, TEM). Anyhow, this was also
characterized by performing extremely small indentations (nanoindentations) in low defect density
materials [29,30]. Moreover, whenever strain gradients are formed by indentations using either
pyramidal or conical indenters, GNDs are generated into the material in order to accommodate the
induced strain [31,32]. Since strain gradient increases by reducing the deformation scale (i.e., small
penetration depths) the density of GNDs and, consequently, the hardness of the material, increase
when the size of the deformed region decreases. This quite important experimental factor that affect
the process of indentation of metallic material is known as indentation size effect (ISE) [32,33].
With this regard, it was found that the ISE can be described by taking into account the two types of



dislocations introduced during plastic deformation. That is, ISE can be described by taking into
account the statistically stored dislocations (SSDs) and the geometrically necessary dislocations
(GNDs) [34].

Following pioneering studies by Nix and Gao [32] nanoindentation hardness overestimation for
lower tip penetration depths is directly related to underestimation of the plastic zone volume. In
their model, Nix and Gao assumed plastic zones assumed to be hemispherical with a radius equal to
the contact radius, a. This hemisphere volume, V, is calculated as: V = 2rh®(3tan*p), where ¢
represents the angle between the indenter surface and the sample surface. The nanoindentation
hardness, H, is thus expressed as: H = 3-0 = 3 aGb(pssp + penp)’”, being o a constant, G the
material shear modulus, b its Burgers vector, and pssp, peno the densities of SSDs and GNDs,
respectively. Since, Hp can be defined as the material hardness with no GNDs, this can be expressed
as Ho = 3" aGb(pssp)”?, and thence H = [1+(peno/ossp)]™ = [1+(ho/h)]°°, where hg is the length
scale factor of a given material under indentation, and h is the indentation penetration depth. This
approach is based on a hemispheric volume limited to the next neighbouring of the tip radius and
the lateral tip edges. This indeed can depends on the type of tip used, that is a pyramidal Berkovich,
a spherical, or a cube-corner geometry [34].

Anyhow, GNDs is known to spread beyond the hemisphere, and thence the plastic zone volume
needs to be corrected. This was addressed later on by Durst et al. [35,36], where the radius of the
plastic zone is assumed to be f-a, with f ranging from 1 to 3.5, and simulated by finite element
means. In polycrystals, hardness always increases with decreasing grain size. This behaviour can be
explained by the well-known Hall-Petch (H-P) relationship, which is based on the interaction
between dislocations and grain boundaries in grain structured metallic materials. Anyhow,
whenever the grains are wide and/or the indentation penetration depth is shallow, the generation of
SSDs and GNDs is strongly related to one or few grains. This means, that the indentation plastic
zone in these cases has a local character.

In this study the role of twinning formation within plastically deforming grains on the
nanoindentation grain size sensitive hardness and reduced Young’s modulus measurements is
addressed. In particular, the minimum necessary strain by HPT to induce twinning formation was
identified and the role of the twin formation on the nanoindentation depth sensitive measurements
was addressed.

2. Experimental procedures and Method
2.1. The material

Rods of OFHC 99.99% pure copper had a 10 mm diameter and they were subjected to a fully
annealing treatment. This consisted to baking the rods at 673 K for 1 h, followed by cooling in the
turned off furnace, corresponding to a cooling to room temperature of 8 h. The chemical
composition of the 99.99% purity Cu is reported in Table 1. Discs 1.0 mm-thick were cut from the
annealed bars. As shown in Fig. 1, the annealed Cu showed a coarse grained structure with rare
presence of few dislocations within the grains whose volume fraction was so low to do not form any
sort of entanglement.

2.2. High-pressure torsion (HPT) process

The fully-annealed OFHC 99.99% pure Cu in form of a disc of 10 mm-diameter and 1.0 mm-thick
was subjected to HPT under quasi-constrained conditions at room temperature, thus avoiding
material outflow during straining. Different strain levels were induced into the metals as to get a
discrete close range of strain levels, i.e., from &4 = 0.40-t0-3.63, by processing HPT at following
rotation number fractions: N = 1/18, 1/8, 1/6, 1/4, 1/3, 1/2 turns.



Fig. 2 is a scheme of the HPT strain deformation imposed to a typical disc sample, where the
incremental shear strain is given by daf w, being o the angular rotation around the disc center.

Since in the present case the disc thickness does not dependent on the rotation angle @ = 2nN, the
resulting HPT shear strain, y, can be calculated as [5], Eq. (1a):

y=2nNrlt Eq. (1a)
where r is the distance from the disc center, ranging from 0 to the disc radius, R, t is the disc

thickness. For large HPT strains, typically > 0.8, the resulting equivalent von Mises strain can be
written as [5,37], Eq. (1b):

2+ 0.5
o = Ll [(”:) +§] Eq. (1b)

On the other hand, for low HPT shear strain, y, the resulting von Mises strain can be expressed as
[5,37], Eq. (1c):

Eoq = % = % Eq. (1c)

Thence, in the present study, Eq. (1c) was the one used to model the shear deformation induced in
the OFHC pure Cu.

HPT was carried out by depressing the vertical anvils to a depth of 0.05 mm into the 1 mm-thick
HPT discs. Torsion strain was exerted by rotating the upper anvil at a low rotation speed of 0.7 rpm
(~4° sec™™) under a pressure of 2.0 GPa.

TEM inspections and nanoindentation measurements were performed at the mid-section of the discs
(that is, at a thickness t = 0.5 mm) and at mid-radius (5 mm) from the disc center. Thus, according
to Eq. (1b), the resulting equivalent strain, &, is as listed in Table 2.

The reason to use HPT to perform the present study is based on the possibility to generate low
incremental strain levels, starting form a minimum level of equivalent strain as low as &q = 0.40.

To avoid any possible artefact during sample preparation, the ~1 mm-thick HPT processed discs
were prepared for TEM inspections by chemical and electro-chemical means only. They were first
punched to 3 mm TEM discs from the above-mentioned HPT disc position and indicated in Fig. 2.
The 3 mm TEM discs were ~1 mm-thick, this initial thickness was mechanically grinded and then
electrochemically thinned and symmetrically polished to a ~200 um thickness using a solution of
30% of phosphoric acid 20% ethylic alcohol in 50% distilled water at room temperature and a
voltage of 12V. Prior final thinning to electron transparency by precision ion-milling (PIPS), the
200 pm-thick discs were fixed by a commercially pure 0.5 mm-thick copper ring with 3 mm
external diameter. Then, this was thinned by Gatan™ PIPS with a low dual incident beam whose
angle was fixed to 2° respect to the disc surface, to minimize the possible artefacts coming from the
disc preparation (i.e., to minimize the dislocations possibly introduced during the ion-milling
process).

2.3. Sample preparation for TEM and method

TEM inspections were carried out in a Philips™ C-20® working at 200 keV with a double-tilt
specimen holder equipped with a liquid-nitrogen cooling stage. Inspections were performed at the
middle height of the HPT discs.

Two-beam excitation conditions were selected for most of the TEM observation and dislocation
characterizations. Dislocation density, puisi., Was quantitatively evaluated by stereological methods,
such as the Ham’s interception method [38]. Thence, pgis. Was calculated through the count of



interception points between the mesh and the existing dislocations, ngisi, in the TEM micrographs.
This was evaluated by pgisi. = 2Ngisi/ (Imesnttem), Were, Inesn 1S the total length of the mesh, and trgy is
the thickness of the TEM foil. Crystal thickness, trem, Was determined through the diffracted beam
intensity variation under dual beam conditions, using converged electron beam diffraction (CBED)
patterns. This way, by plotting the linear interpolation of data points in @ S?/Nringes” VS. Niringes”
graph, where S is the fringes spacing, and nginges the number of counted fringes, trem > Was
determined at y-axis line intercept. The error due to the invisible dislocations (i.e., the ones oriented
as to have bg = 0, where b is the Burgers vector and g refers to the dislocation lying
crystallographic plane) is within the experimental error of the foil thickness evaluation. Cell (LAB)
and grain boundary (HAB) misorientation were measured by Kikuchi band patterns. The
misorientation angle measurement procedure by Kikuchi pattern on TEM is fully described
elsewhere in previous published works by this author [14-16]. TEM inspections were carried out by
orienting the Cu-matrix as to have [001], [011]-crystallographic planes || lpeam (€lectron beam
direction).

2.4. Nanoindentation measurements

Nanoindentation measurements were performed at same HPT disc height as the one set for TEM
inspections. For the nanoindentation measurements, samples were prepared by the same chemical
polishing methods used for the TEM disc preparation. A Hysitron™ Triboscope UBI-1® was used.
Calibration procedures were followed according to [39]. A trapezoidal load function of 5 s loading,
15 s at the set load, and 5 s unloading was used, with a set load, Pmax = 10 mN, and at a constant
loading rate of 0.25 mN/s. Nanoindentations were performed for each experimental conditions, that
is for strain levels &, = 0.40-t0-3.63. Each reported experimental datum is the average value
obtained out of series of [8x8]-matrix of individual measurements spaced 250 um apart, giving a
total of 64 individual measurements per experimental condition.

Data analysis was performed according to the Oliver-Pharr model [40]. Thus, the hardness, H, was
evaluated as H = Py /A, with A = Kinghe? being the contact area, Ki,q an indenter tip dependent
coefficient (24.56 for Berkovich tip [41]), h. the contact depth related to the maximum penetration
depth, hy, which is he = hyp-Pwmax/S, ¥ = 0.75 for Berkovich tip [40] and S the material stiffness.
This latter, according to the Oliver-Pharr approach [40,41] is measured as unloading slope at the
maximum penetration depth, hy, and it is S = Bm(hn-h,)™*, where B is the unloading curve intercept
at P = 0, m is the unloading slope, and h; is the residual depth (the permanent plastic penetration
depth on unloading). Moreover, following the Oliver-Pharr method, the reduced elastic modulus
can be derived as E, = [(74)%°8]-[S/(A)*°], where 4= 1.034 for Berkovich tips [40]. Thence, in the
present case, H = 0.041-Pya/hs and E; = 0.173-S/h..

3. Experimental Results
3.1. Microstructure

Fig. 3 shows representative TEM micrographs of the microstructure evolution driven by the HPT
shear deformation, from &q = 0.40 to 3.63.

The initial generation of twinning, lying within the Cu-grains, started from a HPT strain level of &q
= 0.91. From this strain level of HPT plastic deformation the OFHC Cu started to refine its grain
structure. At the same time, twins started to cumulate within the refining grains. That is, the
deformation process did change microstructure mechanism as it proceeded only by SSD and GND
formation at the earliest strain levels &4 = 0.40 (Fig. 3(a)). From a strain &4 = 0.91 both SSD and
GND eventually were promoted to form the first low-angle boundaries (cell boundaries) and new
high-angle grain boundaries (Fig. 3(b)). At this latter strain level twinning started to form, and thus



this further strengthening mechanism started to operate within the pure Cu microstructure. Thence,
the strain level &q = 0.91 can be considered a threshold-like, or a cut-off lower strain limit, to
initiate a microstructure twin strengthening. At strain levels above it, &q > 1.21, the pure copper
plastically deformed under HPT straining by further generation of GNDs, that eventually form grain
boundaries, and by the combining strengthening effect of grain refinement and twinning-induced
generation (Fig. 3(c)-to-(f)). With this respect, Fig. 4 shows the evolution of the twinning induced
to form and cumulate by the HPT shear deformation, from &q = 0.91 to 3.63.

Moreover, the OFHC Cu microstructure evolved rapidly already in the early stages of straining
(Fig. 4(a),(b)). It resulted that at strain level within &y < 1, the microstructure undergoes typical
strain hardening associated with a significant generation of LABs and cell boundaries, as showed by
Fig. 4(b). The formation of LABs, and eventually some HABS, is accompanied by the concurrent
formation of twin boundaries. Both these microstructure features contribute to generate arrays of
ultrafine grains at the higher strain levels.

In Fig. 3(c) dislocation pile-up process is showed; in particular, this piling-up generated lattice
distortion on both sides of the cell wall and evolves with the presence of the early formation of
twinning. These twins nucleated at grain boundaries (GBs) to extend within the grain. The
formation of these twins is responsible for the development of sharp grain boundaries, which in
turns implies a substantial stress relief in the boundary surrounding areas.

As for the mean grain and cell size evolution with cumulative HPT straining, the statistical
evaluation carried out by TEM inspections showed a continuous grain, and especially cell size
reduction from &4 = 0.91 to 3.63 (Table 3). That is, the mean grin size, which in the annealed initial
condition was dy = 28 pm, reduced to 19 um at &y = 0.40, and down to 3.2 pm, at the maximum
strain of &y = 3.63. As for the cell size, these reduced from an initial mean value dee = 1100 nm,
down to 360 nm, at &q = 3.63.

It resulted that cell size reduction process induced by HPT appeared to slow down at &q > 1.21,
when twinning formation started to characterized the grain interior and start to act as further barrier
against dislocations (actually both SSDs and GNDs) sliding motion.

3.2. Nanoindentation Hardness, H, and elastic modulus, E,

Fig. 5 reports representative nanoindentation load-displacement curves, P-h, for a load P = 10 mN,
of OFHC Cu subjected to HPT at &y = 0.40, 0.91, 1.21, and 3.63. As expected the penetration
depth, h¢, reduced with cumulative straining. Yet, the unloading slope of the P-h slightly increased
from the minimum detected strain of &y = 0.40 to &q = 0.91. This did not changed as the strain rose
up to the maximum tested strain of &4 = 3.63. Since the unloading slope is related to the material
reduced Young’s modulus, E,, the observed slope increment means that the elastic modulus of the
OFHC Cu slightly increased at &4 = 0.91. This in turns implies that the occurrence of twinning
formation within the grains is somehow responsible for the material changes of elastic response.
Hardness, H, and reduced elastic modulus, E,, were measured according to the Oliver-Pharr
approach [40,41], and results were plotted in Fig. 6 as a function of the HPT shear deformation.
Accordingly, the metal H steadily increased from the minimum, &q = 0.40, to the top strain level,
&q = 3.63, although at &4 = 2.42, a plateau-like value of H = 1.15 GPa was reached. The reduced
elastic modulus, E;, appeared to follow quite closely the hardness incremental trend with
cumulative straining. Moreover, a similar plateau-like was reached at &q = 2.42, with values E, =
170 GPa. These results are in good agreement with some previously reported study on
commercially pure and quite similar OFHC pure Cu [11].



4. Discussion
4.1.Microstructure evolution and twinning formation induced by HPT

Dislocation formation (SSDs and GNDs) and twin formation with cumulative straining are two key
mechanisms of microstructure strengthening especially for pure metals, such as the here studied
OFHC 99.99% purity Cu. In fact, it is known that whenever a metallic material is subjected to
plastic deformation, the newly introduced dislocations are induced to slide, in addition deformation
twinning is activated, and thence both accommodate the imposed plastic strain [42]. The mean
factors governing these microstructure induced modifications include the material SFE, the grain
size and crystallographic orientation [43-45]. Also the external loading conditions such as stress
[46], strain [47], strain rate [48,49], and temperature [48] play a crucial role. Compared to
conventional materials processing, SPD techniques impose severe shear strains producing unusual
and quite high mechanical properties that are ultimately driven by the unique microstructure
modifications and evolution [50,51]. In the present case, understanding the competitive relationship
between SSDs, GNDs, the cell and grain boundary formation and the deformation twinning induced
by the HT shear deformation was considered as a key factor for the description of the early stages of
deformation occurring in pure bcc low SFE metals, such as copper.

In materials with medium to high SFE, GNDs and SSDs develop since the early stages of plastic
deformation [52,53]. The role of GNDs is to accommodate the shear strain gradients throughout the
microstructure. SSDs are formed by tangled dislocation random trapped under uniform localized
deformation. These newly introduced dislocations easily slide by cross slip by which the formation
of dislocation boundaries (both low- and high-angle) is favoured with cumulative strain. The
mechanism of boundary formation out of chiefly GNDs is driven by a mutual trapping,
rearrangement, and annihilation process [53,54]. In fact, it is known that the dislocation types that
do contribute to the crystal lattice rotation are the GNDs [54].

On the other hand, for lower SFE metals, such as copper, the formation of initially few, and then
more and more volume fraction of stacking faults and twinning is favoured with cumulative
straining [55]. Under severe plastic deformation regimes, the twinned grains contribute to
accommodate the plastic deformation as well as the refining grains do. Moreover, when twinned
grains have a proper crystallographic orientation respect to the external load, multiple twinning
systems are activated, leading to twin-twin intersection phenomena. These, in turns, become a
further strengthening mechanism for the twinned metallic material [55,56].

Thence, in low SFE metals the reduced dislocation mobility make the twinning deformation a
necessary-like mechanism for the material to rearrange the microstructure, by strengthening it,
under the applied external load. In the present study this necessary-like microstructure mechanism
of twinning formation under HPT was found to occur for a strain level as low as &g = 0.91. No
traces of twinning formation was found for lower equivalent strains, where the microstructure
strengthening proceeded only by formation and evolution of SSDs, GNDs, cell walls and eventually
of some GB. The role of the SSDs and GNDs referring to the continuous process of cell and grain
refinement induced by the HPT deformation was twofold. On one side, it was that of a
microstructure source of active line defects able to thickening the newly generated boundaries,
either cell or grain; on another side, it was that of contributing to rise the boundary misorientation
angle as they continuously formed by the HPT action. As soon as the twins started to be generated,
they behaved as a further microstructure strengthening term that did not affected the grain refining
process driven by the HPT cumulative deformation.

4.2.Indentation size effect (ISE)

In nanoindentation measurements, as the indentation depths get shallow, by reducing the applied
load, the obtained hardness is known to increase accordingly. This indentation size effect (ISE) was



observed in metallic materials [32-36]. Nix and Gao proposed a model, also known as NG-model,
that relates this ISE to the generation of GNDs, whose density is proportional to the inverse
indentation depth [32]. The additional hardening due to the GNDs is a mere effect of an indentation
tip-to-the beneath indentation plastically deformed volume interaction phenomenon. Thus, ISE is
particularly evident and pronounced in soft annealed metallic materials, such as the present case of
annealed OFHC 99.99 purity Cu. On the contrary, ISE is typically of minimal significance in
hardened metallic materials. This behaviour is directly correlated to the inner length scale of the
material due to the induced increased dislocation density driven by the cumulative flow stress.

The ISE phenomenon is known to be generated by additional hardening given by the GNDs. This
penetration depth sensitivity of the nanoindentation measurements is mainly based on two factors.
One, is a microstructure-based factor, which is constituted by the total line length of dislocations
necessary to form the permanent indented profile; the second, is geometrical-based and is related to
the overall extension of the material volume in which the dislocations are stored. Indeed, both
factors are strongly related to the generation of stored and necessary dislocations, i.e. SSDs and
GNDs. A study of the ISE occurring on the early stages of HPT is here presented. To do that,
nanoindentation load was almost continuously reduced from 10 mN to loads as low as ~100 uN.
The obtained hardness, H, increment due to the ISE, as a function of lowering penetration depths
down to few hundreds of nanometer, for strain levels of &q = 0.40-t0-3.63 is reported in Fig. 7. It is
worth to note that the measured H variation with lowering penetration depths followed different
slopes depending on the strain level to which the pure copper was subjected. It appeared that from
HPT strains &q < 0.40 / 0.91. H followed an almost continuous incremental rate as the load and
penetration depth lowered. Starting from &g = 0.91 and up to &q = 3.63, H increment by lowering
the penetration depth followed an initial almost linear trend, to drastically rise for penetration
depths lower than 900-800 nm. This different ISE trend is believed to be somehow determined by
the reducing grain size and the concurrent formation of twinned grains.

4.3. Twinning formation role in ISE

An ISE-driven hardness increment of ~10% was observed at indentation depths ranging 1.8-t0-0.9
pum, from as-annealed to HPT strain &q = 3.63 (Fig. 7). This increment can be identified as the
minimal deviation from the actual H evaluation due to the ISE phenomenon and is reported in Fig.
8. Thus, the measured depth range to reach a H variation by 10% from the asymptotical and actual
value, obtained at higher penetration depth ranges, strongly depended on the strain level and,
ultimately, on the induced grain/cell size reduction. The corresponding penetration depth value is
also called length scale, h™. That is, as reported in the plot of Fig. 8, a direct correlation exists
between the occurrence of a significant ISE and the mean grain (and cell) size of the testing metallic
material. Present result appears to be in good agreement to data reported by Nix and Gao in [32]
derived by a linear fitting of (H/Ho)? vs. hc* in pure Cu, where a value of length scale of ISE h* =
1.60 pm was reported. Thence, the here obtained results showed the length scale, h*, to rise with
grain, cell size reduction, and with occurrence of twinned grains. That is, the ISE appeared to
anticipate by refining the grained structure of pure Cu by cumulative HPT straining. To some
extent, this issue was addressed and discussed by Yang and Vehoff [34] who studied ISE occurring
in high-purity nanocrystalline Ni with different mean grain size obtained by plastic deformation
techniques. Similarly, Lapovok et al. [57] reported a certain degree of ISE initiation dependency to
the level of ECAP shear straining in pure Cu. They show ISE occurring with lower penetration
depth as the ECAP shear straining cumulate and thus as the resulting mean grain refined. Similar
trends for commercially pure Cu were reported in [58] by HPT, and in [36] by ECAP.

Fig. 8 shows H rising trend slopes for the two strain levels above mentioned, that is, for &q < 0.91,
and for 0.91 < &q < 2.42. It thus resulted that the H increment was slow (0.93 GPapum™) at the
earliest stages of deformation, to double (1.84 GPaum™) for strain levels by which grain started to
refine and twins started to form within the grains. This would ultimately means that a direct



correlation between the rate and amplitude of ISE and the grained structure of pure copper exists.
To better understand this ISE microstructure dependency, twin spacing, Arwin, Was measured for
strains 0.91 < &q < 2.42, that is for the strain levels where twins started to form (&4 = 0.91) and then
filled the grained structures (&q = 2.42). The statistical evaluation of twin spacing, carried out for
strain levels &q = 0.91-t0-2.42 is reported in Fig. 9.

The twin spacing appeared not to evolve significantly with cumulative HPT strain. Mean twin
spacing was Arwin = 32 + 2 nm irrespective of the strain level throughout the range 0.91 < &q < 2.42.
The only clear aspect that differentiated the Arwin Size distribution with HPT strain was the
maximum twin spacing sizes that appeared to reduced form 80 nm, at &q = 0.91, down to 60 nm, at
Eeq =2.42.

Quite similar twin spacing sizes were also reported by Yang and Vahoff [34] in SPD high-purity
nickel and by Saldana et al. [59] in SPD same OFHC 99.99 purity copper. In particular, Saldana et
al. accounted on thermomechanical stability in ultra-fine grained copper with high density of twin
boundaries. Nanoscale network of twins within the grains are generally induced to form by SPD
processes. In this sense, the here reported formation and evolution of twins induced by the HPT
cumulative strain was actually expected mostly on the basis of the relative low OFHC Cu SFE.
Moreover, twin boundary formation promoted by SPD (HPT in the present case) are strongly
affected by the generation and evolution with strain of SSDs and GNDs. In particular, the twins
formed during SPD means can have a significant high aspect ratio, that is a high length to spacing
ratio). This microstructure feature was widely observed in the present study and the corresponding
morphological twin evolution with SPD strain was also reported by Wang et al. in a nanostructured
pre Cu [60].

Fig. 10 shows a direct comparison between the twin spacing and grain/cell evolution with
cumulative HPT straining. The general refining trend of both cells and grains was accompanied by a
non-significant twin spacing variation, although twin volume fraction increased to a great extent in
the strain range &q = 1.21-t0-2.42.

4.4. Strengthening model

It is well known how strength of a metallic material can be directly related to the microstructural
features, such dislocations, cell and grain boundaries (and related mean size), and, limited to the
low-to-medium SFE metals, to the twin boundaries (TB). The flow stress, namely the material yield
stress, can be derived as contributions aggregate of the above-mentioned strengthening terms
[61,62]. Apart from the grain boundary strengthening which is modelled by the Hall-Petch
relationship, a number of models accounted on the strength contribution coming from cell
boundaries. These can actually have a low-angle, but also a very low-angle character [14]. The first
ones are typically boundaries with misorientation angle within ~4-14°, the second ones have typical
misorientation of ~2-4° and always show Moiré fringes on TEM. For the first case, the strength
contribution can be modelled as to be proportional to the square root of the density of dislocation
stored inside the boundaries (essentially SSDs) [61]. The second case corresponds to the existing
tangled dislocations (TDs) [14,62,63]. On the other hand, the occurrence of TB from strain levels of
&q > 0.40, makes necessary considering this further microstructure strengthening contribution
[64,65]. Thence, the following relationship was proposed for modelling the OFHC Cu vyield stress
as determined by the nanoindentation hardness measurements, Eq. (2):

Oy = 0y t+ odisl. + OHp T OTB Eq. (2)
where oy, ayis. 1S the stress due to SSDs and GNDs, oyp is the stress given by the grained structure

(calculated through the Hall-Petch relationship), org is the stress due to the twins (twin boundaries,
TB).



The dislocation contribution is the linear combination of the SSDs and of the GNDs strengthening,
and they are both directly dependent on the related densities. In particular, SSDs do form very low-
angle and low-angle boundaries under plastic deformation, and thus their density is expressed as,

Eq. (3):
pssp = fowan + (1-f oo Eq. (3)

Where f is the fraction of the SSDs that do contribute to the wall (boundary) formation, pyan is the
density of the formed walls, and prp represents the density of the dislocations existing in the cell
and grain interiors that did not form boundaries and that are generally referred as to tangled
dislocations (TD). According to [57] the value of f can be determined as f = 1-(1-Awan/deen)®, Awan
and dcen being the mean wall (cell boundary) thickness and cell size, respectively.

Thence, the dislocation strengthening contribution, ogis1, can be calculated as, Eq. (4):

ouist. = MaGb[fowan + (1-H)pro + penp]®? Eq. (4)

where M = 3.06 is the Taylor factor [66], « = 0.33 [66], G = 48.2 GPa is the shear modulus of pure
copper [66], b =0.256 nm is the copper Burgers vector [61,65].

Here the walls are actually considered as the continuously generated very-low and low-angle
boundaries, i.e. the cell boundaries.

Onset of twinning occurs whenever the slip stress reaches the minimum necessary strain to activate
the twinning. The present results showed that the minimum necessary strain level to initiate the twin
formation was &q = 0.91. Thence, whenever formed, the twins yield a further strengthening
contribution given by their boundaries (twin boundary, TB), org. This strengthening contribution is
modelled similarly to an Hall-Petch relationship but with a constant, Krg, significantly higher than
that pertaining the grain boundary strengthening, Kyp. Thus, according to Hansen [61,67,68],
Armstrong and Worthington [69] and Meyers et al. [42], Ktg = 0.28 MPa-m*?, compared to Kyp =
0.14 MPa-m*?, and the corresponding strengthening contribution can be modelled as, Eq. (5):

OTB — K'ng'dg-l/2 Eq (5)

By taking into account the actual fraction of twinned grains, fuwin, rising with cumulative HPT
straining, the following strengthening model was here proposed, Eg. (6):

oy = oy + MaGb{[fpwan + (1-H)pro + peno]™ + [(Fuin-Krs + (1 fuin)-Krpldg 2}
Eq. (6)

The calculated values of fyn are also reported in the plot of Fig. 10. Referring to Eqg. (6), Fig. 11
shows a representative TEM micrograph of the microstructure at &q = 2.42 in which all the
strengthening features are present, i.e. dislocation walls, tangled dislocations, geometrically-
necessary dislocations, twin boundaries, and grain boundaries.

Dislocation density, namely pwan, oo, ponp, and fraction of wall boundaries, f, were determined by
TEM stereology analyses (ASM EN-112). The mean data for each experimental condition, &q =
0.40-t0-3.63, are reported in the following Table 4.

The dislocation density data obtained in the present study well agree to previously published results
on severely plastic deformed pure copper by ECAP up to 16 passes [70]. On the other hand,
Lapovok et al. [70] reported dislocation wall spacing four times lower than the cell size at the early
stages of ECAP deformation. In the present case a typical spacing of the dislocation walls of almost
one-order of magnitude lower than the cell spacing was found.



On the basis of the data reported in Table 3, for grain sizes, and Table 4, for dislocation densities
and fraction of the dislocation walls, Eq. (6) gives a microstructure-based quantitative evaluation of
the OFHC 99.99 purity Cu yield stress, as reported in Table 5.

The present approach founds a number of scientific support given by previously published works
and models proposed for different pure metals and alloys. These include the early studies on the
impact of heterogeneous nature and distribution of dislocations on the metal and alloy shear stress,
which were evaluated by Mughrabi using a composite-like model [71,72]. Following the pioneering
works by Mughrabi, several other authors applied and adapted the Mughrabi composite-like model
to different metals, alloys, and plastic deformation techniques [73-78]. These previous works report
and apply strengthening models essentially same as the one here presented and applied to the OFHC
99.99 purity Cu. Moreover, the present approach is also able to describe metals and alloys work
hardening mechanisms up to flow-stress saturation, as exhaustively reported by Nes and co-workers
in [79].

Table 5 also reports a direct comparison between the yield stress as obtained through Eq. (6), and
the one derived from the nanoindentation hardness measurements, o;""", With this respect, a
linear relationship is known to hold between hardness, H, and vyield stress, given by H =
(ay/3)-(0.1)m'2, where m is the Meyer’s hardness coefficient [80]. With this respect several published
works on different metallic materials and alloys reported a hardness-to-yield stress relationship with
a narrow ratio interval of y = Hy/oy = 2.7-3.1 [81-83]. In the cold-rolled metallurgical status this
relationship was reported to essentially have the same ratio range of 2.8-3.1 [80,81]. A Meyer’s
hardness similar approach was recently used and applied to aluminum alloys by Tiryakioglu in [82].
In this case a oy = A-Hy + B type relationship was used starting from a Meyer’s hardness approach
as: oy = Hy /0.947-C — Agy. This type of approach to determining yield stress from hardness
measurements, namely nanoindentation measurements, was also used by the present author for a
6N-Al subjected to low strains by HPT [21]. On the other hand, Tekkaya [83] for cold-worked Cu-
based alloys introduced a step-like variation of the yield stress-to-hardness ratio depending on the
yield offset that can be taken into account. For yield offset of within 0.112% the following
relationship was proposed and experimentally validated: Hy = 2.475-0y, where Hy is the Vickers
hardness number. This relationship was generalized in a form of oy = 9.81-H\/2.475 for yield
offsets up to 0.2%. In any case, by converting the Vickers number to MPa, the two previously
reported approaches (Tiryakioglu’s and Tekkaya’s) can be expressed as oy = 0.375-H™"" that is y
= Hyloy = 2.7. Very recently, Song et al. [84] reported a rather wider variation for y = Hy/o, = 3-
4.5, this reduces down to y = 3.24 whenever the ultimate stress is considered instead of the yield
stress. Other studies, such as the work by Zhang et al. [85] indicated values ranging 3.26-3.70 (with
a mean value of y = 3.5) in pure copper subject to ECAP. In his work, Zhang et al. reported an
overview of the factor influencing the y ratio between Hy and oy for different copper alloys.

Thence, in the present study both values of y = 2.9 and y = 3.5 were taken into consideration for the
identification of the more appropriate value able to meet the yield stress determined by the
microstructure based model here described. It is worth to underline here that the y = 2.9-2.8 was
found to be an appropriate ratio between Hy and oy in metallic alloys, as well as pure metals, such
aluminum ([21,80-82] and references therein). _

The direct comparison of yield stress obtained by using both = H™"""/ &, = 2.9 and 3.5,showed a
quite better agreement to the yield stress given by applying Eq. (6) with y = 3.5 rather than by using
¥ = 2.9. Present results seem to indicate that a slight difference of the H/oy does exist whenever
low-SFE metals (namely pure metals) or high-SFE metals subjected to SPD are considered.

To better understand this fitting ratio between the two yield stress values obtained by microstructure
inspections and by indirect hardness measurements the Gao’s approach was here reported and
discussed. Gao’s relationship between hardness and yield stress also includes the material elastic
modulus, E, Eq. (7):



n n
fnanoind _ go'y {1 + % Gi—;cot (a)) + %[(g:—;cot (a)) - 1]} Eq. (7)

where « is the semi-angle of the indentation tip, and n is the work-hardening coefficient. This
approach and equation was applied to the present case, where the reduced (local) elastic modulus
was determined by the nanoindentation measurements and the semi-angle « = 65°, for a Berkovich
tip. The work-hardening coefficient n can be set equals to the true strain at necking and it can be
derived from nanoindentation assuming a 8-to-10% plastic strain acting during the indentation
process ([85,86] and references therein). That is, the value of work-hardening in stress-strain curves
for annealed copper was is used, n = 0.54. By putting the constant values of Eq. (7) and the obtained
reduced elastic modulus values as obtained different experimental conditions here tested, the data
reported in Table 6 were obtained. Table 6 shows a reasonably good agreement between the Gao’s
model data and the microstructure strengthening model for strain levels &q > 1.21,while for lower
strain levels the agreement was less evident. On the other hand, this approach seemed not to show a
better result alignment to the data obtained by the strengthening model compared to simply
considering the ratio y = Hv/oy = 3.5.

5. Conclusions

In this study early stages of plastic deformation by HPT were characterized by electron microscopy
inspections. A OFHC 99.99 pure copper was subjected to strain levels as low as &q = 0.40-t0-3.63.
Mechanical properties were tested by nanoindentation and the indentation size effect phenomenon
was correlated to the microstructure evolution induced by the cumulative straining.

The following major findings can be outlined.

1. A minimum necessary strain level to induce the formation of twins was found and it resulted
to be &q =0.91;

2. The occurrence of twinning within the refining grains influenced the ISE as it contributed to
change the hardness-to-penetration depth curves. That is, the ISE depended to some extent
to the formation of twins in pure Cu. With this respect, the hardness rise due to the ISE
accelerated with reducing cell and grain size and with occurrence of twins. At the same
time, the penetration depth by which ISE started to occur reduced with twin formation and
progressive generation within the refining grains;

3. A microstructure based strengthening model was proposed and all the meaningful
strengthening contributions were taken into account. In particular, SSDs, dislocation walls,
GNDs, grain boundaries and twin boundaries strengthening contributions were modelled.
OFHC pure Cu yield stress given by the microstructure based model was directly compared
to the yield stress as derived from the nanoindentation hardness.

4. Discussion on the different models of relationship between hardness and yield stress seemed
to indicate that y = Hy/oy = 3.5 was the more appropriate coefficient to be considered.
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Figures and Tables captions

Fig. 1. Microstructure of the as annealed OFHC Cu.
Fig. 2. To scale scheme of HPT showing the location of extraction of the TEM discs.

Fig. 3. Microstructure evolution with cumulative HPT shear strain, at &q = 0.40, a); &q = 0.91, b);
&q=1.21,C); &q=1.81,d); &q=2.42, e); &q=3.63, f). In b) the dark-field (DF) micrograph shows
the early formation of low-angle boundaries (cells) from tangled dislocations (GNDSs). Inset in b) is
the indexed SAEDP. DF g-vector was g = [02-2]. By selecting this crystallographic plane the
existing tangled dislocations and cell boundaries within the grains were almost entirely visible as
they mostly lying in the [022] planes and (022) directions.

Fig. 4. Twinning formation induced by the HPT strain, &q = 0.91, a); &q = 1.81, b); &q = 3.63, ).
Cu crystals were oriented along [011]-zone axis to properly reveal the twin boundaries and lines;
related indexed SAEDRP is reported in d).

Fig. 5. Nanoindentation load-displacement curves, P-h, using a load P = 10 mN, for HPT OFHC
99.99% purity Cu at &g = 0.40, 0.91, 1.21, 181, 2.42, and 3.63. The annealed OFHC Cu
nanoindentation curve, &q = 0, is reported for comparison.

Fig. 6. Plot of hardness, H, and reduced elastic modulus, E;, vs. cumulative HPT straining, &q =
0.40 to 3.63. Error bars were determined by averaging the obtained values from the 64 individual
nanoindentation measurements that were performed at each experimental condition.

Fig. 7. The ISE phenomenon. Hardness, H, vs. indentation depth, h¢, for &4 = 0.40-t0-3.63; the as-
annealed curve is reported for comparison to the HPT experimental conditions.

Fig. 8. Minimum nanoindentation load to initiate ISE vs. mean grain and cell size produced by HPT
of the OFHC 99.9% purity Cu.

Fig. 9. Evolution of twin mean spacing, Arwin, for HPT strains 0.91 < & < 2.42.

Fig. 10. Grain size, dgrain, Cell size, dcen, twin spacing, Amwin, and twinned grain volume fraction,

Fig. 11. BF-TEM at &q = 2.42 showing dislocation walls (DW), tangled dislocations (TD),
geometrically-necessary dislocations (GND), twin boundaries (TB), and grain boundaries (GB).

Table 1. Chemical composition of the OFHC 99.99% purity copper (wt.%x1000), as reported by
the supplier (purity standard identified as DIN1706-NFA51050 / CuC1, source FRW™).

Table 2. Equivalent strain &g obtained by the different HPT experimental parameters at N = 1/18
(lowest) to 1/2 turns (highest), at radial distances r = 2 mm (almost mid-radius) from disc thick-
center.

Table 3. Mean grain, dg, and cell size, deen, of OFHC CU subjected to HPT at &4 = 0.40 to 3.63.
These mean values were determined out of 3 different areas of the TEM thin discs accounting of
some 0.56-t0-0.74 mm? per each experimental condition.



Table 4. Dislocation density and dislocation wall volume fraction, f, for &, = 0.40-t0-3.63.

Table 5. Yield stress as calculated by the model of Eq. (6), o,"* and as derived from the
nanoindentation Hardness measurements, o;""". In this latter case, two different approaches are
here proposed, one according to [21] in which a factor of y = 2.9 was considered as H to oy ratio; a
second according to [82] in which the ratio y = 3.5. Data refers to &q = 0.40, 0.91, 1.21, 1.81, 2.42,
and 3.63.

Table 6. Gao’s model of Eq. (7) applied to the microstructure strengthening model of the present
study at &q = 0.40,0.91, 1.21, 1.81, 2.42, and 3.63.
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Table 1

Ag Pb+S Fe O P Cd Mn others Cu
22 22 15 05 04 02 0.05 0.9 99992

Table 1. Chemical composition of the OFHC 99.99% purity copper (wt.%x1000), as reported by
the supplier (purity standard identified as DIN1706-NFA51050 / CuC1, source FRW™).



Table 2

rotational angle, &°, and number of turns, (N)
20 (1/18) 45(1/8) 60 (1/6) 90 (1/4) 120 (1/3) 180 (1/2)
Eeq 0.40 0.91 1.21 1.81 2.42 3.63

Table 2. Equivalent strain &q obtained by the different HPT experimental parameters at N = 1/18
(lowest) to 1/2 turns (highest), at radial distances r = 2 mm (almost mid-radius) from disc thick-
center.



Table 3

geq
cell / grain mean size 0.40 0.91 1.21 1.81 2.42 3.63
dg, M 19+1 145+05 106+£05 78+05 51+£05 32+04

Oeen, "M 1100+100 760+50 540+50 430+40 410+40 360+ 30

Table 3. Mean grain, dq, and cell size, dce, of OFHC CU subjected to HPT at &4 = 0.40 to 3.63.
These mean values were determined out of 3 different areas of the TEM thin discs accounting of
some 0.56-t0-0.74 mm? per each experimental condition.



Table 4

Table 4. Dislocation density and dislocation wall volume fraction, f, for & = 0.40-to-3.63.

dislocation
data measured

by TEM &q=040 £q=091 £7=121 £q=181 £q=242 &q=3.63

puall, 102 m-2 105+10 130420 165+20 225+30 295+30 330430
f (wall), 107 4 6 7 7 5 5
P, 10 m-? 25+5 35+5 40+5 65+ 10 70+10 60+ 10
penp , 10% m-? 95+5  110+5 120410 115+10 120+10 110410




Table 5

Table 5. Yield stress as calculated by the model of Eq. (5), o

model

, and as derived from the

nanoindentation Hardness measurements, ;™™™ In this latter case, two different approaches are
here proposed, one according to [21] in which a factor of y = 2.9 was considered as H to oy ratio; a
second according to [82] in which the ratio y = 3.5. Data refers to &4 = 0.40, 0.91, 1.21, 1.81, 2.42,

and 3.63.
yield stress, MPa  £,=040 &q=091 &5q=121 &5q=181 &£q=242 &q=3.63
 model 217 237 256 288 324 362
o,y = 2.9) [21] 269 338 366 386 400 417
deviation (y = 2.9), % 19 30 30 26 19 13
o,y = 3.5) [82] 223 280 303 320 331 346
deviation (y = 3.5), % 3 18 18 11 2 5




Table 6

Table 6. Gao’s model of Eq. (6) applied to the microstructure strengthening model of the present

study at &q = 0.40, 0.91, 1.21, 1.81, 2.42, and 3.63.

yield stress, MPa  £,=0.40 &£q=0.91 &q=121 &q=181 &§q=242 &q=3.63
, model 217 237 256 288 324 362

oy (Gao’smodel) 281 325 337 351 362 376
deviation, % 23 27 24 18 10 4
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Highlights

Highlights

- OFHC pure Cu was subjected to low-strain levels by HPT;

- A minimum necessary HPT strain to induce twin formation was identified;

- Nanometric-scale twin width influenced the occurrence of nanoindentation ISE;

- TEM-based strengthening model was compared to oy as determined by nanoindentation;
- Theratio y = Hv/O'y was discussed.
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